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Abstract: The effect of grain size on elastic-plastic deformation and twinning behaviour of Inconel 

625 alloy was studied. Alloy samples were investigated using compressive deformation analysis, 

in-situ neutron diffraction, electron backscatter diffraction, and transmission electron microscopy. 

The alloy was found to exhibit strong elastic and plastic anisotropy. Grain refining was found to 

have several advantages, including the increased grain-specific diffraction elastic moduli, 

improved compatibility and homogeneity of polycrystalline deformation, and enhanced yield 

strength at room temperature. Two strong preferred orientations were present in coarse-grained 

samples: the Copper orientation of {112}<111>, in deformed grains because of dislocation slip, 

and the Brass orientation of {110}<112>, in elongated grains owing to deformation twinning. The 

coarse-grained samples also showed large quantities of stacking faults, multiple-slip lines, and 

dislocations. In contrast, stacking faults were not observed in fine-grained samples, however, a 

dense presence of slip lines, dislocations, and dislocation pile-ups at grain boundaries were 

observed. The fine-grained samples exhibited a higher density of dislocations than the coarse-

grained samples given the same applied load during compressive deformation. The deformation 

mechanisms of the coarse-grained alloy were dominated by dislocation slipping and the formation 

of stacking faults, while the deformation of the fine-grained alloy showed only dislocation slipping. 

Keywords: Inconel 625 alloy, grain size, lattice strain, stacking fault, neutron diffraction 
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1. Introduction 

 

Inconel 625 alloy is extensively used to manufacture ammonia cracker tubes in heavy water 

production plants owing to its excellent strength and creep resistance, good resistance to 

oxidation, corrosion, and hydrogen attack, excellent formability, and low hydrogen permeability at 

both ambient and elevated temperatures [1-2]. The severe service conditions of these tubes 

include high temperatures (600 °C), high pressures (14 MPa), and prolonged usage periods 

(~60,000 h), which lead to a significant increase in strength but loss of ductility and toughness 

that may subsequently result in premature failure [3-4]. Inconel 625 is a solid-solute-strengthened 

alloy created by adding Mo and Nb to a Ni-Cr-based matrix [5]. In addition, it can be further 

strengthened by forming precipitation phases through an aging treatment or while in service at 

high temperatures [6]. However, these traditional strengthening methods increase the strength 

properties at the expense of reduced ductility and toughness.  

It has been increasingly reported in recent years that plainified materials could overcome the 

aforementioned paradox of strength and ductility by introducing stable interfaces, such as twin 

boundaries and low-angle boundaries, at various length scales with fewer or no alloying elements 

[7-9]. Twin boundaries with nanoscale spacings usually exhibit high thermal and mechanical 

stabilities to impede dislocation motion and enable dislocation slip accumulation, which result in 

improved strength and ductility [10-12]. For example, Lu et al. [13-14] found that introducing high-

density nano-twin boundaries into pure copper metal could increase its strength by an order of 

magnitude while maintaining good tensile ductility and high electrical conductivity. It has been 

reported that twin boundaries with nanometre-scale spacings make a significant contribution to 

excellent strength and ductility in materials [15]. Yuan et al. [16-17] proposed a novel strategy for 

a Ni-Co-based superalloy designed using twinning structures, wherein micro-twins enhanced its 

tensile and creep strengths without degrading other mechanical properties, such as low cycle 

fatigue, crack growth rate, and hot workability. These breakthroughs imply new possibilities for 

improving both the strength and ductility of Inconel 625 alloy through the tailoring of twin 

boundaries.  

Considering the behaviour of nanoscale twin boundaries in nickel alloys, early studies [18-

19] reported that severe plastic deformation of Inconel 625 and 600 alloys led to the generation 

of high-density deformation nano-twins on {111} planes. For Inconel 625 alloy under certain 

deformation conditions, the formation of deformation twins was strongly influenced by stacking 

fault energy (SFE) and grain size [20-21]. The critical shear stress for twinning decreased with 

reduced SFE and increased grain size. These findings suggest that, materials with a low SFE and 

a large grain-size favour deformation twinning, especially at high-strain rates and/or at low 

temperatures. In addition, grain orientation was found to have a significant influence on 

deformation twinning [21,22]. However, detailed experimental results are still required to 

understand the effects of grain size and grain orientation on elastic and plastic deformation 

behaviour and, in particular, on twinning behaviour of Inconel 625 alloy. In this work, we 

investigate the effect of Inconel 625 alloy grain size on its elastic and plastic deformation 

behaviour at room temperature, with a particular attention paid to its twinning behaviour under 

compressive deformation. In-situ neutron diffraction was used to evaluate elastic and plastic 

deformation behaviour as a function of grain size. In addition, post-mortem analysis of the 

deformed microstructures was conducted using electron backscatter diffraction (EBSD) and 

transmission electron microscopy (TEM) to the validate neutron diffraction results. Finally, the 

contribution of grain size on twinning stress and yield strength has been discussed. 
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2. Materials and methods 

 

2.1. Materials 

Inconel 625 alloy, a nickel-based superalloy, was investigated; its chemical composition is 

presented in Table 1. The alloy was produced via a dual process of vacuum induction melting and 

electro-slag remelting. To obtain coarse-grained and fine-grained microstructures, different heat 

treatments were applied to the alloy. Rod specimens with a diameter and length of 12 mm and 

32 mm, respectively, were subjected to a two-stage homogenisation heat treatment (1140 °C for 

10 h then 1210 °C for 48 h) followed by air cooling to room temperature, as shown in Fig. 1a. This 

treatment resulted in an average grain size of 800 μm and a strong grain orientation. The 

specimens obtained at this condition are referred to hereafter as the coarse-grained samples. 

Following the aforementioned treatment, some of the homogenised rods were subjected to hot 

extrusion at 1170 °C with a speed of 100 mm/s and an extrusion ratio of 6.66 using a 50 MN  

 

Table 1 Chemical composition of Inconel 625 alloy. (wt.%) 

Ni Cr Mo Nb Fe Ti Al C P S 

Bal. 21.77 8.79 3.75 3.68 0.40 0.21 0.042 0.006 0.0006 

 

 

Fig.1 (a) Treatment steps involved in the generation of coarse-grained and fine-grained 

microstructures, and EBSD of (b) coarse-grained and (c) fine-grained microstructure.  
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horizontal extrusion press. Samples then underwent a solution treatment at 1150 °C for 1 h and 

air cooling to room temperature, as shown in Fig. 1a. These treatments resulted in an average 

grain size of 48 μm with a weak grain orientation; these samples are referred to as the fine-grained 

samples. Figs. 1b and 1c show typical EBSD observations of the coarse-grained and fine-grained 

samples, respectively, indicating their significantly different grain sizes and variation in preferred 

crystalline orientation.  

 

2.2. In-situ neutron diffraction 

An ENGIN-X neutron diffractometer (Rutherford Appleton Laboratory, ISIS, UK) was 

employed to conduct in-situ neutron diffraction measurements while coarse-grained and fine-

grained samples were subjected to compression at room temperature. Fig. 2 shows a schematic 

diagram of the experimental setup; details of the techniques used can be found elsewhere [23]. 

The sample to be analysed was mounted horizontally on a stress rig (INSTRON, 100 kN) with the 

loading axis oriented 45° to the incident neutron beam. Two detectors (bank 1 and bank 2) were 

used to collect the diffraction signals at scattering angles of 2θ = ±90°, under which the diffraction 

vectors were parallel to and perpendicular to the loading direction of the sample, respectively. 

The longitudinal direction of the sample was parallel to the compression loading direction, in order 

to measure the longitudinal lattice strain component. The neutron scattering gauge volume was 

4 × 4× 4 mm3, which was defined by the 4 × 4 mm2 incident slit, and the 4-mm wide receiving 

collimators. When the sample was compressed in a step-wise manner, the neutron data was 

collected at intervals of 20 min. Two different loading methods were applied during the 

compression experiment. First, the sample was compressed under the stress-control mode 

(stress holding) to a level of 350 MPa with a step of 50 MPa and a loading rate of 10 MPa/s. Then 

the sample was deformed under the displacement-control mode (strain holding), allowing a 

specific compression speed to be achieved. Both types of samples were tested using a 

compression rate of 0.5 mm/min during the displacement-control deformation. The diffraction 

spectra were analyzed using the Open Genie software package which provides d-spacing (d), 

peak intensity (I), and full width at half maximum (FWHM). 

 

Fig.2 Schematic representation of the in-situ neutron diffraction experimental setup at ENGIN-X, 

ISIS, UK.  
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2.3. Microstructure characterisation 

Bulk samples of 10 mm in height, 12 mm in length and 3 mm in width, were cut from the top 

and middle regions into transverse direction (TD)-longitudinal direction (LD) cross-sections before 

and after compression in both coarse-grained and fine-grained samples. A bulk sample schematic 

of the Inconel 625 alloy is shown in Figs. 3a and b. The samples for EBSD analysis were first 

prepared through a standard procedure of metallographic grinding and polishing to obtain a mirror 

finished surface. Samples were then electron-polished in a solution of 80% methanol and 20% 

H2SO4 at 20 V for 30 s at room temperature. EBSD measurements were made using a fully 

automated EBSD system attached to a Quanta 450 field-emission gun scanning electron 

microscope (FEG-SEM). The EBSD facility was equipped with a Nordlys EBSD detector to collect 

backscattered electron signal. EBSD scanning was performed on the top region over an area 

covering 1000 μm × 2000 μm, and on the middle region, over an area covering 1000 μm × 1000 

μm. A step size of 2 μm was employed for samples in the as-received condition. The acquired 

EBSD data were exported to Channel 5 software for post-processing analysis. Orientation 

imaging microscopy (OIM) images and the misorientation angle of grains and sub-grains were 

then calculated from the EBSD results. The density of geometrically necessary dislocations (GND) 

and the strain localisation in this study were analszed using the Kernel average misorientation 

(KAM) [24-25].  

TEM studied were conducted on the top region of samples using an FEI Talors F200 TEM 

operated at 200 kV to examine the sub-structure of samples after in-situ neutron diffraction 

experiments. TEM samples were cut from the top region of the deformed samples and then 

carefully ground to a thickness of 50 μm, followed by ion thinning using a Gatan 695 precision ion 

polishing system. 

 

 

Fig.3 Inconel 625 alloy shape before and after compression for a (a) coarse-grained and (b) fine-

grained sample; (c) rotation of the crystal in crystal compression (F—applied force; φ, φʹ—angle 

between normal line of slip plane and central axis of applied force F; λ, λʹ—angle between slip 

direction and applied force F;θ—rotation angle of central axis of applied force F.). (LD—

longitudinal direction; the two directions perpendicular to the LD are indicated as normal direction 

(ND) and transverse direction (TD)) 

 

3. Results  

 

3.1. Macro stress and strain curves  

Fig. 4 shows the macro stress-strain curves and the work-hardening rate curves obtained during 

the compression deformation tests. In Fig. 4a, a typical strain relaxation phenomenon was 

observed in both the coarse-grained and fine-grained samples before the applied stress reached 

350 MPa, which was attributed to the stress-control mode (stress holding) during in-situ neutron  
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Fig.4 (a) Macro stress-strain curves of coarse-grained and fine-grained samples during 

compression at room temperature and (b) the work-hardening rate curve.  

 

diffraction measurement period. A typical stress relaxation phenomenon was observed in both 

samples after applied stress was higher than 350 MPa, which was attributed to displacement-

control mode (strain holding) during the in-situ neutron diffraction measurement period. It is a 

typical strain and stress relaxation phenomenon that can also be found in Mg alloy during in-situ 

neutron diffraction measurement [26]. Meanwhile, the compression deformation of the coarse-

grained and fine-grained samples can be divided into three stages: (1) the elastic deformation 

region (stage Ⅰ, σc ≤250 MPa, σf  ≤ 300 MPa, here, ‘c’ denotes coarse-grained and ‘f’ denotes 

fine-grained); (2) the elasto-plastic transition region (stage Ⅱ, 250 MPa < σc ≤350 MPa, 300 MPa 

< σf ≤350 MPa); and (3) the plastic deformation region (stage Ⅲ, σc > 350 MPa, σf > 350 MPa). At 

stage Ⅰ, the strain response was linear to the applied stress and the transition from stage I to 

stage II indicates the yielding strength of the tested samples. The fine-grained sample shows a 

yield strength of 300 MPa, higher than the coarse-grained sample by 50 MPa. The increased yield 

strength can be explained from the Hall-Petch relation: the yield strength of a polycrystalline 

materials increases with decreasing grain size [27]. In other words, the grain refinement resulted 
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in increased resistance of the grain boundaries to dislocation motion prior to the occurrence of 

plastic deformation. At stage Ⅱ, the coarse-grained sample exhibited a broader elasto-plastic 

transition region than the fine-grained sample, indicating that the fine-grained sample experienced 

more work-hardening during contraction and thus achieved a smaller amount of contraction 

compared to the coarse-grained sample (Inset in Fig. 4b). At stage Ⅲ, the strain response to the 

applied stress became linear again. Meanwhile, both samples showed similar work-hardening 

trends (Fig. 4b), but the coarse-grained sample shows slightly higher work hardening rate at 

higher strains. In brief, the compression tests revealed that, the grain refinement not only made 

the deformation more homogeneous (narrow elasto-plastic transition region) but also enhanced 

the yield strength of the Inconel 625 alloy.  

After the compressive deformation experiment, both samples presented S-shape 

deformation (Fig. 3). This phenomenon is believed to be related to grain rotation and free 

deformation during compression [27]. More details discussing the grain rotation are included in 

the results from neutron diffraction and EBSD analyses. 

 

3.2 Neutron diffraction analysis 

3.2.1. Evolution of diffraction peak position 

Fig. 5 shows neutron diffraction patterns of the coarse-grained and fine-grained samples at 

various stress/strain levels. For the coarse-grained sample, the (200) peak is not initially visible 

which is related to initial orientation of the different grains, until the strain reached -10.8 % (Fig. 

5a). Then, the {200} peak became increasingly strong with increasing strain. Meanwhile, Fig. 5a 

also indicates the variation of other diffraction peaks, such as the decreasing intensity of the {111} 

and {220} peaks and increasing intensity of the {311} peak with increasing strain. Fig. 5b highlights 

the variation observed for the {111} peak. These diffraction peak variations were attributed to 

continuous changes of the number of grains, which favoured the generation of a diffracted neutron 

beam with respect to the direction of the incident neutron beam. In other words, the changing 

diffraction patterns suggest compression induced grain rotation of the polycrystalline sample. 
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Fig.5 Diffraction pattern evolution of (a) coarse-grained and (c) fine-grained samples during 

compression at room temperature: (b) and (d) are enlarged images of the corresponding (111) 

peak in Fig. 5(a) and (c), respectively.  

 

Similar variations of diffraction peaks were also observed in the fine-grained sample, as 

shown in Fig. 5c. Moreover, the diffraction patterns of the fine-grained sample differ from those 

of the coarse-grained sample; the former showed all four diffraction peaks during the entire 

compression period, including (111), (200), (220), and (311) peaks. This diffraction behaviour can 

be attributed to the increased number of grains in the fine-grained sample as compared to the 

coarse-grained sample.  

In addition, the diffraction analyses also revealed marginal shifting of the diffraction peaks 

with increasing compression strain. The diffraction peak positions of the coarse-grained and fine-

grained samples shifted to lower d-spacing with strain or stress increases (Figs.5b and d). The 

lattice parameters of both samples held at 5 MPa were obtained via whole pattern fitting using 

Pawley refinement. The results are listed in Table 2, indicating that grain refinement slightly 

increased the lattice parameter. 

 

Table 2 Lattice parameter (α0) and diffraction elastic moduli (Ehkl) of coarse-grained and fine-

grained samples. 

Inconel 625 alloy α0 (nm) E111 (GPa) E220 (GPa) E311 (GPa) E200 (GPa) 

Coarse-grained 0.3603 252.4 ± 6.7 219.3 ± 10.8 167.7 ± 13.7 - 

Fine-grained 0.3626 261.2 ± 7.2 242.1 ± 6.2 199.5 ± 4.2 145.2 ± 7.2 
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3.2.2. The evolution of lattice strain  

Lattice strains of the individual (hkl) orientations were calculated from their corresponding d-

spacings according to Equation [29]: 

 

0

0
= hkl hkl

hkl

hkl

d d

d


−
 (1) 

where hkl and dhkl are the lattice strain and lattice spacing of the {hkl} plane, respectively. 
0

hkl
d  is 

the stress-free lattice spacing, which was taken from the measurement point at 5 MPa at room 

temperature. The hkl-specific lattice strains of the coarse-grained and fine-grained samples were 

calculated based on Eq. (1). Fig.6 shows the lattice strain evolutions as a function of the applied 

strain for coarse-grained and the fine-grained samples. It is clearly seen that the lattice strains in 

the fine-grained sample were higher than those in the coarse-grained sample. This indicates 

higher strength of the fine-grained sample. In Fig.6a, the (111) grains of the coarse-grained 

sample exhibit the lowest lattice strain at yielding point, followed by (220), and then (311). 

However, the (111) grains of the fine-grained sample exhibit the lowest lattice strain at yielding 

point, followed by (220), (311), and then (200), as shown in Fig.6b. It is indicated that the (111) 

grains yield first in the both samples during plastic deformation. At stage Ⅱ and Ⅲ, the lattice 

strains of the fine-grained sample increased continuously (Fig.6b). However, in the coarse-

grained sample the (220) and (311) lattice strains increased continuously at stage Ⅱ and Ⅲ, while 

the (111) lattice strain increased first and then decreased at stage Ⅱ, and increased continuously 

at stage Ⅲ (Fig.6a). This reveals an anisotropic microscopic elastic and plastic deformation 

behaviour. 

From Fig. 6, it can be also seen that the stress redistribution is different between the coarse-

grained and fine-grained alloys. For the fine-grained sample, the (220) and (111) lattice strains 

seem to be close to each other in the initial deformation period and the (220) and (111) lattice 

strains gradually separate from each other with increasing strain. However, for the coarse-grained 

sample, the (220) and (111) lattice strains separate from each other in the deformation period. 

Meanwhile, the (220) and (311) lattice strains in both samples showed similar trends with 

increasing strain, but the coarse-grained sample shows very close with each other at higher 

strains. The above results indicate that the stress redistribution of the (111) and (220) grains in 

the coarse-grained sample occurs immediately upon yielding, while the stress redistribution of the 
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Fig.6 The evolution of lattice strains as a function of applied strain for (a) coarse-grained and (b) 

fine-grained samples during compression at room temperature. 

 

(111) and (220) grains in the fine-grained sample occurs at higher strains or stresses. In other 

words, the coarse-grained sample shows significant stress redistribution during plastic 

deformation, while the fine-grained sample is no significant stress redistribution during plastic 

deformation. It is closely related to different orientations of the grains [30]. It is because that the 

finer grains are, the greater the number grains are, in the same volume of sample. The more 

grains with more favorable orientation during plastic deformation, thereby the better co-

deformation between grains occurs. The internal stress is evenly distributed, leading to the no 

significant stress redistribution. Coarse grains are on the contrary. 

According to Holden et al.[31], the intergranular strains were obtained by subtracting the 

initial elastic part from the lattice strain from the measured lattice strain. The hkl-specific 

intergranular strains of the coarse-grained and fine-grained samples were calculated based on 

the hkl-specific lattice strain data from Fig.6. Fig.7 shows the intergranular strain evolutions as a 

function of the applied strain for coarse-grained and the fine-grained samples. The changes in 

hkl-specific intergranular strain provide an anisotropic plasticity during the plastic deformation. 

The changes in intergranular strain provide develop of plastically and elastically anisotropic of 

material during the deformation, a material which is plastically and elastically isotropic would 

exhibit zero intergranular strain for all stress values [30,31]. It is noted that the intergranular strains 

exhibit a compressive deviation in the both samples, except for the (111) grains showing a tensile 

deviation in the coarse-grained sample.  

Fig.8a and Fig.8b show the lattice strain evolutions as a function of the applied stress for the 

coarse-grained and the fine-grained samples. In stage Ⅰ, all the lattice strains respond linearly to 

the applied stress. The slopes provide the diffraction elastic moduli, Ehkl, of each (hkl) grain 

orientation, as shown in Fig.8c and Fig.8d. The determined Ehkl values are listed in Table 2. The 

(200) grains exhibit the smallest modulus, followed by (311), (220), and then (111), which is 

consistent with the Inconel 625 alloy elastic anisotropy reported by Wang et al. [32]. In stage Ⅱ, 

the lattice strain of the (111) grains in the coarse-grained sample becomes nonlinear to the 
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Fig.7 The evolution of intergranular strains as a function of applied strain for (a) the coarse-

grained and (b) the fine-grained samples during compression at room temperature. 

 

applied stress, which refers to the elasto-plastic transition as shown in Fig.4a. This is because 

the load is redistributed plastically from “softer” grain families (e.g., (111)) to “harder” grain families 

(e.g., (200)) [33]. In stage Ⅲ, the lattice strains respond linearly to the applied stress again, except 

for the (311) grains in the coarse-grained sample. It has been reported that the lattice strain 

increases linearly again with gradients by combination of elastic and plastic anisotropy when all 

grains deform plastically [34]. Overall, the observed linear stress-strain relationships suggest that 

all the grains of the fine-grained sample are plastically deformed. The grain refinement has 

improved the inter-grain deformation compatibility and the deformation homogeneity.  
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Fig.8 The evolution of lattice strains as a function of applied stress for (a) the coarse-grained and 

(b) the fine-grained samples during compression at room temperature: (c) and (d) are enlarged 

images corresponding to the evolution of lattice strain at elastic deformation in Fig. 8(a) and (b), 

respectively.  
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Fig.8 The evolution of lattice strains as a function of applied stress for (a) the coarse-grained and 

(b) the fine-grained samples during compression at room temperature: (c) and (d) are enlarged 

images corresponding to the evolution of lattice strain at elastic deformation in Fig. 8(a) and (b), 

respectively.  

 

3.2.3. The evolution of peak intensity 

Fig.9 shows the evolution of normalized integrated intensity (I/I0) as a function of the applied 

stress for the coarse-grained and the fine-grained samples. The changes in integrated intensity 

of peaks provide qualitative insights into grain reorientation during the plastic deformation [35]. It 

is noted that the peak intensity remains almost constant before yielding (stage Ⅰ), while the peak 

intensity significantly changes above yielding (stage Ⅱ and Ⅲ). In Fig.9a, the (311) peak shows 

increasing intensity by a factor of approximately 1.5, whereas the (111) peak shows decreasing 
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Fig.9 The evolution of normalized integrated intensities as a function of applied stress for (a) the 

coarse-grained and (b) the fine-grained samples during compression at room temperature.  

 

intensity by approximately 0.3. In addition, the (220) peak shows increasing intensity first by 

approximately 1.2, and then decreasing intensities by approximately 0.4. These variations imply 

that the (311)-oriented grains gradual reorientation and a lot of the (111)-oriented grains rotate, 

while the (220)-oriented grains reorientation first and the then rotate during the plastic deformation 

of the coarse-grained sample. In Fig.9b, the (220) peak intensity remains almost constant while 

the (111) and (311) peaks decrease by a factor of 0.7. The (200) peak intensity first decreases 

by a factor of 0.8 and then increases by 1.2. These variations suggest that, some of the (111)- 

and (311)-oriented grains rotate away from the loading direction during plastic deformation of the 

fine-grained sample. Nevertheless, the scale of overall intensity changes of the fine-grained  
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Fig.10 The evolution of normalized peak widths as a function of applied stress for (a) coarse-

grained and (b) fine-grained samples during compression at room temperature. 

 

sample is lower than that of the coarse-grained sample. This indicated that the grains of the 

coarse-grained sample have stronger texture and large grain rotation compared to the fine-

grained sample during compression deformation.  

 

3.2.4. The evolution of peak broadening 

Fig.10 shows the evolution of the normalized peak width (W/W0) of different (hkl) planes as 

a function of the applied stress for coarse-grained and fine-grained samples. It is noted that the 

peak widths remain almost constant before yielding (stage Ⅰ), while the peak widths change 

significantly above yielding (stage Ⅱ and Ⅲ). In Fig.10a, the width of the (311) grain family rises 
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by a factor of 2.1 and the (220) grain family increases by a factor of 1.3 while the (111) grain 

family slightly increases. In Fig.10b, the widths of the (200) and (311) diffraction peaks increase 

significantly by a factor of 2.1 and 1.7, respectively, whereas the widths of the (111) and (220) 

diffraction peaks both increase by a factor of 1.5. The pronounced peak broadening indicates 

strain-induced heterogeneous substructures (such as dislocations, stacking faults, and twinning) 

during plastic deformation of polycrystalline alloys [36-39]. This indicates that deformation in the 

fine-grained sample is distributed homogeneously, regardless of different grain orientations. On 

the other hand, deformation of the coarse-grained sample takes place preferentially in some 

grains, leading to more pronounced broadening of the relevant diffraction peak, i.e., the (311) 

diffraction. 

In order to further unveil the influence of grain size on the deformation mechanism of the 

Inconel 625 alloy, an analysis of the neutron diffraction peak width for coarse-grained and fine-

grained samples. Following the Wilkens’s theory [40-42], the integral breadth of neutron 

diffraction peak, βint, and the elastic anisotropy factor,
2 2 2 2 2 2

2 2 2
=

+ +


+ +
hkl

h k k l l h

h k l
, can be described as: 

  

2 0

int 4
(1 )


 = − 


hkl

i

C
q

F e
  (2) 

where the values of C0 and q depend on the dislocation type, Fi is an integral factor over the 

Wilkens’s profile which accounts for the outer cut-off radius of the dislocation strain field. Using 

ANIZC, we found C0 and q to be 0.2696 and 1.4642 for the {111}<110> edge dislocations, and 

0.2767 and 2.2920 for the <110> screw dislocations. Fig.11 shows the peak broadening data ( 2

int
 ) 

as a function of the elastic anisotropy factor (Γhkl) for coarse-grained and fine-grained samples. 

For the coarse-grained sample, according to Fig.11a linear fit having the slope q=3.1768, which 

seems like a higher than the value of q for the edge and screw dislocations. It is indicated that the 

coarse-grained sample forms stacking faults or deformation twins during the deformation. 

However, for the fine-grained sample, according to Fig.11b linear fit having the slope q=1.9621,  
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Fig.11 The peak broadening data ( 2

int
 ) as a function of the elastic anisotropy factor (Γhkl) for (a) 

the coarse-grained and (b) the fine-grained samples during compression at room temperature. 

 

which seems like a balancing value of q for the edge and screw dislocations, but close to that of 

the <110> screw dislocation. Thus, it is reasonable to infer that the plastic deformation of the fine-

grained sample was most likely resulted from the operation of mixed of edge and screw 

dislocations. However, the plastic deformation of the coarse-grained sample may also form 

stacking faults or deformation twins, beside mixed dislocations. 

 

3.2.5. Dislocation density 

According to Liang et al. [43], the relationship between dislocation density (ρ) and average 

peak broadening (Δd/d) can be derived from the total elastic energy (U) and the elastic energy 

per unit length of dislocation (u): 

2

2 2

15 15
= ( )

2 (1 ) 2 (1 )

U E d E

u Gb v d Gb v
 


= =

+ +
 (3) 

where E is Young’s modulus (E = 205 GPa), G is shear modulus (G = 79 GPa), v is Poisson’s 

ration (v = 0.308 ), b is the Burgers vector (b = 0.253 nm), and ε is the average lattice strain. 

Based on Eq. (3), the dislocation densities (ρ) of the coarse-grained and the fine-grained samples 

were calculated and are shown in Fig. 12a as a function of applied stress. It is clearly seen that 

the two samples exhibit similar dislocation density in the elastic regime. However, differentiation 

between the two samples becomes apparent when the applied stress is higher than -300 MPa, 

i.e., corresponding to the yielding period (stage II) shown in Fig. 4. After that period, the fine-

grained sample exhibits a large dislocation density than its counterpart after yielding. According 

to Taylor-model [44], the contribution of dislocation strengthening of the coarse-grained and fine-

grained samples during the plastic deformation (stage II and Ⅲ) were calculated and shown in 

Fig.12b. It is clearly seen that the relationship between ρ1/2 and applied stress of the fine-grained 

sample is conforms to the Taylor relationship. While the relationship between ρ1/2 and applied 

stress of the coarse-grained sample is deviates from the Taylor relationship which is related to  



Page 19 of 36 
 

0 -100 -200 -300 -400 -500 -600 -700 -800
0

4

8

12

16

20

24

D
is

lo
c
a

ti
o

n
 d

e
n

s
it
y
 

 (

1

0
1
4
m

-2
)

Applied stress (MPa)

 Coarse-grained sample

 Fine-grained sample

(a)

 

1.5 2.0 2.5 3.0 3.5 4.0 4.5
-200

-250

-300

-350

-400

-450

-500

-550

-600

-650

-700

-750

 Coarse-grained sample

 Fine-grained sample

A
p

p
lie

d
 s

tr
e

s
s
 (

M
P

a
)




 (10
7
 m

-1
)

(d)

 

Fig.12 The evolution of dislocation density as a function of applied stress (a) and the contribution  

of dislocation strengthening (b) for the coarse-grained and the fine-grained samples.  

 

the formed of stacking faults and twins during the plastic deformation. This indicates that the work 

hardening of the fine-grained sample is dominated by dislocation strengthening, while the work 

hardening of the coarse-grained sample has an additional strengthening mechanism besides 

dislocation strengthening, which result is consistent with inset in Fig. 4b. 
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Fig.13 Microstructures of the coarse-grained sample before and after compression in the top and 

middle regions: (a1) and (a2) are IOM maps before compression; (b1) and (b2) are IOM maps after 

compression; (a1) and (b1) are the top region and (a2) and (b2) are the middle region; (c1) is the 

misorientation angle distribution map before and after compression in the top region; (c2) is the 

misorientation angle distribution map before and after compression in the middle region. 

 

3.3. Deformed microstructures 

3.3.1. Deformed microstructure of the coarse-grained sample 

The deformed microstructures of the two samples, after the in-situ neutron experiment, were 

analyzed using EBSD and TEM to reveal the effect of grain size on the deformation mechanism. 

Fig.13 shows EBSD analyses of coarse-grained sample microstructures in both the top and 

middle regions, before and after the compression experiment. The gray lines in Fig. 13 indicate 

low-angle-grain boundaries (LAGBs, 2 ° < θ ≤15 °), whereas the black lines reveal high-angle-

grain boundaries (HAGBs, θ >15). Figs.13a1 and 13a2 show the top and middle region 

microstructures, respectively, of the coarse-grained sample prior to the compression experiment. 

Obviously, the microstructures in these two regions are similar, with large equiaxed grains and a 

few fine recrystallised grains. After compression, the top region shows a dense network of LAGBs, 

a few HAGBs, and elongated grains within the original grains, as shown in Fig. 13b1. The 

elongated grains (zone Ⅱ) are perpendicular to the compression axis, indicating significant 

rotation during compression [45]. Similar LAGBs and HAGBs are seen in the middle region, 

Fig.13b2. These results are consistent with grain rotation previously analysed by in-situ neutron 

diffraction. In addition, it is noticed that the deformed grains in the top region exhibit a strong 

Brass orientation, {110}<112>, in which the maximum density of grain orientation has reached 

44.80 (zone Ⅱ). The deformed grains also exhibit a weak Copper orientation, {112}<111>, where 

the maximum density of grain orientation is 42.15 (zone Ⅰ). The formation of Brass orientation is  
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Fig.14 Typical deformed microstructure of the coarse-grained sample: (a) low magnification TEM 

image showing dislocations and SFs; (b-c): enlarged images showing different dislocation 

structures of corresponding regions in (a); (d) HRTEM micrograph showing SFs and extended 

dislocations; (e) enlarged HRTEM image from (d) showing individual SFs and Shockley partial 

dislocations; and (f) FFT image of (e), indicating the locations of SFs and Shockley partial 

dislocations. The SF width is approximately 1.98 nm. Edge dislocations are marked by black “T”s 

in (e and f). 

 

attributed to deformation twinning, while the formation of Copper orientation is attributed to 

dislocation slip [46]. In contrast, the deformed grains in the middle region have a strong Rotated-

Goss orientation, {110}<110>, having the maximum density of grain orientation of 58.48 (zone 

Ⅲ). Figs. 13c1 and 13c2 show the misorientation angle distributions between the top and middle 

regions and between the non-deformed and deformed samples, respectively. These four 

analysed regions all exhibit a single-peak distribution profile, whereas the compressive 

deformation resulted in increased preference and dramatically lower misorientation angles for the 

coarse-grained samples. The frequency peaks correspond to GND interfaces formed by 

numerous dislocation tangles, which has been reported in literature [47]. During the compression 

process, a large number of dislocations were generated and subsequently intertwined to form 

dislocation tangles and GND interfaces. Thus, the HAGBs change to LAGBs in the coarse-grained 

sample during compression deformation. 

Fig.14 shows TEM observations of the deformed microstructure of the coarse-grained 

sample. Fig.14a is a bright field (BF) image at a relatively low magnification, which shows the 

intragranular distribution of double slip lines, dislocations (mixed dislocations), and stacking faults 

(SFs). The results are consistent with the neutron diffraction (Fig.11a). TEM-BF observations of 

this sample did not indicate any twins. Meanwhile, the double slip lines cross each other to exhibit 

fine substructures, e.g., the highlighted areas in Figs.14b and c show the fine structures of planar 

dislocation arrays and compact dislocation tangles, respectively. The planar dislocation arrays 

and grids in Fig.14b are typical dislocation configurations that are similar to those generated in 
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the deformation of Inconel 600 alloy at low strains and strain rates [48]. This configuration can be 

attributed to the low SFE, which causes the dislocations to arrange themselves into planar arrays 

on their primary slip planes because of the high cross-slipping resistance of partial dislocations. 

Fig.12d is a high-resolution TEM (HRTEM) image showing an abundance of nano-spaced SFs, 

which confirms the significant role of SFs regarding deformation of the coarse-grained samples. 

A small area of Fig.14d, containing a stacking fault, at a higher magnification in Figs.14e and f to 

observe fine lattice features. Fig.12e reveals the formation of partial dislocations and SFs in the 

coarse-grained sample during deformation at room temperature. Fig.12f is a fast Fourier 

transformation (FFT) analysis of the imaged area, which clearly shows lattice distortion around 

the SF. Comparing the HRTEM image (Fig.12e) and the FFT image with (111) plane fringes 

(Fig.12f), the latter shows much more clearly the location of the SF and partial dislocations. 

Meanwhile, there is a SF, having a width of 1.98 nm, between two Shockley partial dislocations 

(Fig.12e and f). Such SFs are believed to result from the slip of Shockley partial dislocations 

having a Burgers vector of α/6<112> on the {111} plane [16]. In other words, the formation of 

SFs is related to extended dislocations, whereas an extended dislocation is known to be 

comprised of two partial dislocations with a SF in between. Eq. (4) expresses the conversion of a 

perfect dislocation to an extended dislocation [49]. 

1 1 1
[110] [121] SF+ [211]

2 6 6
→ +  (4) 

 

3.3.2. Deformed microstructure of the fine-grained sample 

Fig.15 shows EBSD analyses of the fine-grained sample. Figs.15a1 and a2 show 

microstructures of the top and middle regions, respectively, prior to compressive deformation. 

The microstructures of the two regions were similar, with both consisting primarily of fine equiaxed 

grains regardless of the LD and TD. A few lamellar annealing twins are also visible inside some 

grains. The equiaxed grains were formed during static recrystallisation, i.e., the process of 

nucleation of low-strain grains and subsequent growth through migration of sub-grain boundaries 

[50]. The annealing twins were formed during grain growth by growth accidents on a migrating 

grain boundary [51]. After compression deformation, a large number of LAGBs within original 

grains in the top region were observed (Fig.15b1). Fewer LAGBs were observed in the middle 

region (Fig.15b2). Meanwhile, the fraction of twin boundaries (TBs) in the top and middle regions 

was reduced. Fig.15c1 and c2 show variation of misorientation induced by compressive 

deformation. For the top region of the fine-grained sample, Fig.15c1, the misorientation angle 

distributions exhibit a bimodal distribution, with one peak around 1.5 ° and the other around 60 °. 

The misorientation angle distributions became unimodal, with a peak at approximately 1.5 . Such 

variation of misorientation distributions has also been confirmed by comparative analysis of the 

middle region, as indicated in Fig.15c2. Obviously, the low-angle peak corresponds to the GND 

interface while the peak located near 60 ° corresponds to annealing twins [52]. During the 

compression process, a large number of dislocations appear and intertwine to form GND 

interfaces, as well as a piling-up of dislocations in front of TBs [53]. Thus, the HAGBs change to 

LAGBs and the fraction of TBs is reduced during compression deformation. 

Fig.16 shows TEM characterisation of the compression deformed fine-grained sample. In 

Fig.16a, slip lines and dislocations (mixed dislocations) appear in the BF image, in addition to 

dislocation pile-ups at the GBs. Meanwhile, the slip lines end at the GBs, which suggest the role 

of GBs in impeding dislocation motion. Fig.16b shows several areas of dislocation tangles and 

slip lines. In Fig.16c, another area shows the fine structure of planar dislocation arrays. No SFs 
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or deformation twins were observed during BF imaging. The above TEM observations are 

consistent with the neutron diffraction (Fig.11b). The results of HRTEM imaging are shown in 

Figs.16d ~ f. Fig.16d shows dislocations in the lattice image and the highlighted area is shown in 

Fig.16e at a higher magnification with a clearer lattice view. Fig.16e reveals a number of partial 

dislocations in the fine-grained sample. To clarify the lattice distortion around the dislocations, 

FFT analysis was performed in the same area and is shown in Fig.16f, revealing the location of 

partial dislocations. The lattice spacing on the {111} plane was measured to be 0.2548 nm, which 

is larger than of the coarse-grained sample (0.2201 nm). This result is consistent with that 

previously analyzed by neutron diffraction.  

 

3.4. KAM distribution and GND density 

3.4.1. KAM distribution 

In EBSD measurements, KAM mapping analysis provides accurate quantification of the local 

plastic strains of different materials [25,53]. In the present study, high KAM values (> 1°) defined 

deformed grains whereas low KAM values (< 1°) defined recrystallised grains [54]. Fig.15 shows 

KAM maps and local misorientation angle distribution maps of the coarse-grained sample before 

and after compression and at different regions of the sample. In these maps, the blue, green, and 

red colors represent various levels of dislocation density or the degree of strain localisation, 

namely, from low to high. In Figs.17a1 and a2, both the top and middle regions of the non-deformed 

 

 

Fig.15 Microstructures of the fine-grained sample before and after compression in the top and 

middle regions: (a1) and (a2) are IOM maps before compression; (b1) and (b2) are IOM maps after 

compression; (a1) and (b1) are the top region and (a2) and (b2) are the middle region; (c1) is the 

misorientation angle distribution map before and after compression in the top region; (c2) is the 

misorientation angle distribution map before and after compression in the middle region. 

 

http://dict.cnki.net/dict_source.aspx?scw=lattice+spacing
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Fig.16 Typical deformed microstructure at room temperature in fine-grained Inconel 625 alloy: (a) 

low magnification TEM images wherein GBs impede dislocation motion and dislocation pile-ups 

at GBs; (b) low magnification TEM images wherein different dislocation configuration 

morphologies are observed; (d) HRTEM micrograph of dislocations; (e) HRTEM micrograph from 

the region outlined with a white rectangle in (d); (f) FFT image of (e) clearly showing dislocations 

locations. Edge dislocations are marked by black “T”s in (e and f). 

 

coarse-grained sample exhibit uniform strain distribution both inside the grains and across the 

grain boundaries.  

 After compression deformation, the observed strain concentrations were both intragranular 

and at the GBs in the top region (Fig.17b1), while the observed strain concentrations were at the 

GBs in the middle region (Fig.17b2). Meanwhile, the degree of strain concentration or localisation 

in the top region is significantly higher than that in the middle region. The varying strain 

concentration indicates gradual decrease in the scale of compressive deformation, from the top 

to middle region. In other words, the top region is the high-strain region while the middle region is 

the low-strain region. In Fig.17c1 and c2, the KAM value is 1.93 ° in the top region, indicating that 

the microstructure is primarily comprised of deformed grains (Fig.17b1). However, the KAM value 

is 0.43 ° in the middle region, indicating that the microstructure remained as the original 

recrystallised grains (Fig.15b2).  

Fig.18 shows KAM maps and local misorientation angle distribution maps before and after 

compression for the fine-grained sample. From Fig.18, the KAM distribution and local 

misorientation angle distribution of the fine-grained sample features are similar to the coarse-

grained sample, indicating that the degree of deformation decreases gradually, from top region 

to middle region, in the fine-grained sample during compression. Meanwhile, the microstructure 

in the top region of the fine-grained sample after compression mainly consist of deformed grains, 

while the microstructure in the middle region of the fine-grained sample after compression is 

mainly original recrystallized grains.  
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Fig.17 KAM maps and local misorientation angle distribution maps before and after compression 

for coarse-grained samples at different regions: (a1) and (a2) are KAM maps before compression; 

(b1) and (b2) are KAM maps after compression; (a1) and (b1) are the top region and (a2) and (b2) 

are the middle region; (c1) is the local misorientation angle distribution map before and after 

compression in the top region; (c2) is the local misorientation angle distribution map before and 

after compression in the middle region. 

 

3.4.2. GND density 

According to Gao et al. [55] and Kubin and Mortensen [56], the relationship between local 

intergranular misorientation (θL) and GND density (ρGND) is expressed as 

GND 2
= L

b





 (5) 

where μ is the unit length of the point (100 nm) and b is the Burgers vector (0.253 nm for Inconel 

625 alloy). The calculated ρGND values before and after the compression of coarse-grained and 

fine-grained Inconel 625 alloys are shown in Figs.19a and b, respectively. The most significant 

finding is that the deformed top regions of both the coarse-grained and the fine-grained samples 

showed much higher GND density than all other regions (by a factor of ten). This is the primary 

reason for the gradual decrease in the degree of deformation or strain localisation from the 

deformed top region to the deformed middle region. Meanwhile, the GND density in the deformed 

top region of the fine-grained sample is higher than that in the equivalent region of the coarse-

grained sample while the GND densities in the middle regions are basically the same. This result 

is consistent with calculations from in-situ neutron diffraction (Fig.12).  

Fig.20 shows the φ2 = 0 ° and φ2 = 45 ° sections of the orientation distribution function (ODF) 

of the top and middle regions of the coarse-grained sample before and after compressive 

deformation. The non-deformed top region shows a weak Rotated-Goss texture, {110}<110> 

(Fig.20a), while the deformed top region shows strong Brass-R textures, {111}<110> and  
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Fig.18 KAM maps and local misorientation angle distribution maps before and after compression 

for fine-grained samples at different regions: (a1) and (a2) are KAM maps before compression; 

(b1) and (b2) are KAM maps after compression; (a1) and (b1) are the top region and (a2) and (b2) 

are the middle region; (c1) is the local misorientation angle distribution map before and after 

compression in the top region; (c2) is the local misorientation angle distribution map before and 

after compression in the middle region. 
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Fig.19 GND density in different regions before and after compression of the Inconel 625 alloy 

for the (a) coarse-grained and (b) fine-grained samples. 

 

{111}<112>, as well as a weak Rotated-Goss texture, {110}<110> (Fig.20b). These results 

indicate the formation of strong Brass-R textures that is induced by compression deformation of 

the coarse-grained sample, which is attributed to dislocation slipping ({111}<110>) and 

deformation twinning ({111}<112>). The non-deformed middle region exhibited a weak Brass-R 
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texture, {111}<110> (Fig.20c), which transformed to the combined strong Twinned-Copper texture 

{552}<115> and Brass texture, {110}<112>, as well as, weak Goss texture, {110}<001>, after the 

deformation (Fig.20d). This transition of texture has been previously attributed to deformation 

twinning [57]. Compared to the top region, the middle region has a lower degree of deformation 

during compression deformation. Meanwhile, because Inconel 625 alloy has an FCC crystalline 

structure with low SFE, compression deformation is expected to be accompanied by the 

transformation of the initial Copper orientation, {112}<111>, to twinned-Copper orientation, 

{552}<115>, through twinning, which subsequently enables slipping motion of dislocations to 

reorient to Brass orientation, {110}<112>, through an intermediate Goss orientation, {110}<001> 

[58]. 

 

 

Fig.20 φ2 = 0 ° and φ2 = 45 ° sections of the ODF for the coarse-grained sample before and after 

deformation at different regions: (a) and (c) correspond to before deformation; (b) and (d) 

correspond to after deformation; (a) and (b) correspond to the top region; and (c) and (d) 

correspond to the middle region. 

 

3.5. Texture evolution 

Fig.21 shows the φ2 = 0° and φ2 = 45° sections of the ODF of the fine-grained samples at 

varying conditions. The non-deformed top region exhibited a mixture of strong Rotated-Goss 

texture, {110}<110> , weak Brass texture, {110}<112>, and Brass-R texture, {111}<110>, with an 

appearance by {111}<112> (Fig.21a). The deformed top region shows a mixture of a strong 

Rotated-Cube texture, {001}<110>, and weak Brass-R texture, {111}<110> and {112}<110> 

(Fig.21b). In the middle region, the weak Brass-R texture, {111}<110>, appears before 

deformation (Fig.21c), while the strong Goss texture, {110}<001>, weak Brass texture, 

{110}<112>, Rotated-Cube texture, {001}<110>, and Brass-R texture, {111}<110>, appears after 

deformation (Fig.21d). Compared to the top region, the middle region has a strong Goss texture, 

{110}<001>, and a weak Brass texture, {110}<112>, which is attributed to deformation twinning 

[58]. 

Compared to the fine-grained sample, the coarse-grained sample has stronger texture 

intensity during compression deformation, which is consistent with the texture variations 

previously analyzed by neutron diffraction peak intensity. Combined with texture analysis, it is 

again suggested that the coarse-grained sample is more conducive to the formation of 

deformation twins during compression. 
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Fig.21 φ2 = 0 ° and φ2 = 45 ° sections of the ODF for the fine-grained sample before and after 

deformation at different regions: (a) and (c) correspond to before deformation; (b) and (d) 

correspond to after deformation; (a) and (b) correspond to the top region; and (c) and (d) 

correspond to the middle region. 

 

4. Discussion 

 

4.1. Stacking fault energy calculation 

Stacking fault energy is defined as the energy per fault area by dissociating a perfect 

dislocation into two Shockley partial dislocations, which is often considered as a surface tension 

pulling the partials. Generally, two methods have been widely used to determine the value of SFE, 

including the TEM-based direct method and an indirect method using X-ray diffraction (XRD) [59, 

60]. By measuring the spacing between two Shockley partial dislocations acquired by TEM 

imaging, the SFE can be calculated from the following [61]: 
2

p 2 2 cos 2
= 1-

8 1 2
SF

Gb

w

 


  

−    
    

 − −   
 (6) 

where γSF is the SFE, G is the shear modulus, v is Poisson’s ration, bp is the Burgers vector of 

partial dislocations, w is the measured SF width, and Φ corresponds to the angle between the 

dislocation line and the Burgers vector. Fig.22 shows a typical HRTEM image of an extended 

dislocation configuration in the coarse-grained sample, which clearly shows a SF existing 

between two Shockley partial dislocations. Thus, the corresponding SFE of the coarse-grained 

Inconel 625 alloy can be estimated according to Eq. (6). For the calculation, G is 79 GPa, v is 

0.308, bp is 0.147 nm, w is the SF width measured from our TEM images, and Φ is 0 °. All the SF 

widths measured by HRTEM are recorded in Table 3. By substituting the corresponding values, 

the average SFE of the γ matrix in coarse-grained Inconel 625 alloy is calculated to be 52.65 ± 

6.75 mJ/m2.  

 

Table 3 Parameters used for calculation and stacking fault energy in coarse-grained Inconel 625 

alloy. 

Alloy 
Stacking fault width (nm) Average γSF 

(mJ/m2) 1 2 3 4 

Inconel 625 2.42 1.98 1.98 1.76 52.65 ± 6.75 
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Fig.22 A typical HRTEM image of an extended dislocation configuration in the coarse-grained 

sample.  

 

4.2. The effect of grain size on deformation mechanisms 

Generally, the deformation mechanisms in FCC metals and alloys during plastic deformation 

are associated with their SFE and deformation conditions, such as strain, strain rates, and 

temperature [62]. FCC metals and alloys with high SFEs likely deform by dislocation slip during 

room temperature plastic deformation [63]. On the other hand, FCC metals and alloys with 

intermediate SFEs deform by twinning at high-strain rates and/or at low deformation temperatures 

by dislocation slipping at low-strain rates and/or at high deformation temperatures [64]. In addition, 

the deformation mechanisms in FCC metals and alloys were strongly dependent on grain size at 

room temperature. In particular, increasing the average grain size results in lower twinning 

nucleation stress for a given metal and alloy [65, 66]. Early studies [67, 68] found that the 

relationship between grain size and critical resolved shear stress for twinning obeys the Hall-

Petch-type relation,  




−

= +
H P

SF tw

tw

K

b D
 (7) 

where γSF is the SFE, b is the Burgers vector, H P

tw
K −

 is the Hall-Petch constant for twinning, and D 

is the grain size. These stresses were calculated according to, 

= ( )


 
−

= +
H P

SF tw

tw tw

K
M M

b D
 (8) 

where M = 3 is the Taylor factor. In present study, H P

tw
K −

 was unknown and H P

slip
K −

 equal to 750 

MPa μm1/2, for pure Ni and a range of superalloys [69], was used instead. 

Based on the above studies, we know that the Inconel 625 alloy, as an FCC metal with low-to-

medium SFE, is deformed by the combined mechanisms of dislocation slipping in the {111}<110> 

system and twinning in the {111}<112>. However, the activation of twinning was dependent on 

the initial grain size of the Inconel 625 alloy. The contribution of SFE and grain size to the twinning 

stresses of the Inconel 625 alloy can be analysed separately using Eq. (8). The results are shown  
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Fig.23 Twinning stress contribution from SFE and grain size in coarse-grained (D = 800 μm) and 

fine-grained (D = 48 μm) samples. 

 

 

Fig.24 The deformation mechanisms of the coarse-grained and fine-grained samples at room 

temperature. 

 

in Fig. 23. It can be seen that in both the coarse-grained and the fine-grained Inconel 625 alloys 

the contributions of SFE to twinning stress are larger than that of grain size. 

Meanwhile, the twinning stress required for the coarse-grained Inconel 625 alloy during 

compression deformation is lower than that for the fine-grained Inconel 625 alloy. In addition, the 

contribution of grain size to the twinning stress of Inconel 625 alloy increases with decreasing 

grain size. Fig.24 summarises the deformation mechanism of the coarse-grained and fine-grained 

samples at room temperature. For the coarse-grained sample, plastic deformation is composed 

of complicated interactions among mixed dislocations (edge and screw dislocations) and stacking 

faults. For the fine-grained sample, multiplication and motion of mixed dislocations (edge and 

screw dislocations) is the dominant mechanism. Thus, the deformation mechanism of the coarse-
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grained Inconel 625 alloy is mainly dislocation slipping that is accompanied by the formation of 

SFs to accommodate the deformation, while the deformation mechanism of the fine-grained 

Inconel 625 alloy is only dislocation slip. The above results indicated that the coarse-grained alloy 

was more conducive to the formation of SFs or deformation twins under the same applied stress. 

In addition, for an FCC alloy with a specific grain size and SFE, grain orientation also has a 

significant influence on the deformation mechanism [21-22]. Earlier studies found that the 

influence of grain orientation on deformation twinning is commonly explained in terms of Schmid’s 

law for slip twin dislocations [70, 71]: 

tw
m =   (9) 

where m is the Schmid factor and σ is the macroscopic stress. Eq. (9) can be used to calculate 

the particular macroscopic stress that determines whether the grain orientations do or do not favor 

twinning deformation. Fig.25 shows the Schmid factor of the coarse-grained and fine-grained 

samples under different strain regions. It is clearly seen that the Schmid factor (m) in the low-

strain region is lower than that in the high-strain region, indicating that it is favorable to twinning 

at a particular macroscopic stress. In the present study, the ODF analysis of the coarse-grained 

and fine-grained samples verified that the Brass orientation, {110}<112>, in the low-strain region 

was formed by the volume effect of deformation twinning (Figs.20d and 21d), but no Brass 

orientation was observed in the high-strain region. Thus, the effect of grain orientation on 

deformation mechanism is that the grain orientation has a strong influence on deformation 

twinning in the low-strain region, whereas the effect decreased significantly in the high-strain 

region.  
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Fig.25 Schmid factor (m) of coarse-grained and fine-grained samples in different strain regions. 
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5. Conclusions 

 

In this work, the effects of grain size on the elastic-plastic deformation behaviour and twinning 

behaviour of Inconel 625 alloy during compression deformation were investigated by in-situ 

neutron diffraction, EBSD and TEM. The following conclusions were drawn: 

1) The Inconel 625 alloy showed strong crystal elastic and plastic anisotropy. The fine-grained 

alloy showed higher elastic modulus, Ehkl, than coarse-grained alloy for all analszed 

crystalline planes. Meanwhile, the (200) peak in the coarse-grained alloy appeared until the 

strain was more than ~−10.8 %, which was attributed to grain rotation. In addition, grain 

refinement not only improved both deformation compatibility and deformation homogeneity, 

but also enhanced the compression yield strength. 

2) The deformed coarse-grained alloy showed a large number of multiple-slip lines, 

dislocations, and SFs with a SFE of 52 ± 6.75 mJ/m2. The resultant microstructure was 

found to have a stronger Copper orientation, {112}<111>, as a result of dislocation slipping, 

while elongated deformed grains had a strong Brass orientation, {110}<112>, attributed to 

deformation twinning.  

3) The deformed fine-grained alloy showed a large number of slip lines, dislocations, and 

dislocation pile-ups at grain boundaries, but no SFs. Furthermore, its dislocation density 

was higher than the coarse-grained alloy under the same applied stress.  

4) The deformation mechanism of Inconel 625 alloy was strongly influenced by grain size. The 

coarse-grained alloy was more conducive to the formation of SFs or deformation twins 

owing to the decreased twinning stress. 

5) Finally, grain orientation also has a significant influence on the deformation mechanisms 

during plastic deformation. It favours twinning in the low-strain region, compared to the high-

strain region, at a particular macroscopic stress.  
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