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work and the following conference was attended :
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SYNOPSIS
The effects of additions of C, N, Mo, Ti and Nb on recovery, recrystalli-
sation and formability have been investigated in 17% and 25% Cr steels

after 35%, 50% and 75% reduction.

In general additions of molybdenum retarded recovery at both chromium and
interstitial levels, while additions of titanium increased the rate of
recovery. Additions of niobium increased the rate of recovery at the lower
interstitial level and decreased the rate of recovery at the higher inter-

stitial level.

In the majority of steels a distinct hardness plateau was observed between
recovery and recrystallisation, the extent of which depends on composition
degree of cold reduction and temperature, and was associated with the
pinning of subgrain boundaries by precipitating particles during recovery.
The end of the plateau coincided with the incubation period for recrystalli-
sation and was interpreted in terms of the unpinning of subgrain boundaries

leading to the formation of recrystallised grains.

Additions of Mo, Nb and increasing the interstitial content in general
retarded recrystallisation while additions of Ti and increasing the chromium

had relatively little effect.

A comprehensive determination of the cold worked and recrystallisation

textures has been made. Alloying elements had little effect on the deyelop—
ment of deformation textures but considerably affected the development of
recrystallisation textures. Additions of niobium, titanium and molybdenum

in general favoured the development of {lli}' <112> recrystallisation textures
because the nucleation of {lli& oriented grains was favoured at particle/matrix

interfaces.



Swift cupping and Erichsen tests have been used as a measure of formability
in these steels. The recrystallisation textures have been related to r
values and LDR.‘ Good correlations have been obtained between ; values, LDR

you

and the ratioc of the I texture and between r values and LDR.

(111)° T (100)

C 9 - : . .
Both deep drawability and value increased as the ratio of I(lll) I(lOO)
increased. The LDR was increased by increasing the degree of cold reduction,
by additions of titanium and niobium at the lower interstitial level and

molybdenum because of the increased the I texture ratio. The

(111)* T (100)
Erichsen value was increased with increasing cold reduction but decreasing

the interstitial content did not improve the Erichsen value in the base

17% Cr and 17% Cr molybdenum steels.

A quantitative relationship has been obtained bétween the yield stress,.
composition and recrystallised grain size. Additions of molybdenum and
chromium increased the yield stress because of!their effects on lattice
dilation, while titanium additions decreased the yield stress because it

removed interstitials from solid solution.



'CONTENTS

"PAGE
Chapter 1 INTRODUCTION 1
Chapter 2 FERRITIC STAINLESS STEELS 4
2.1 Constitution 4
2.2 Precipitates 6
2.2.1 Carbides and Nitriaes 6
2.2.2 Carbides in the Fe-C-Cr System 7
2.2.3 Carbides in the Fe-Mo-C System 9
2.2.4 Titanium and Niobium Carbo-Nitrides 10
2.3 Intermetallic Compounds 11
2.3.1 Sigma Phase 11
2.3.2 Chi Phase 11
2.3.3 Laves Phase 11
2.3.4 Theeg' Phase 12
2.4 Mechanical Properties and Structure Property

Relationships of Ferritic Stainless Steels 12
2.4.1 Grain Size 13
2.4.2 Solid Solution Effects i3
2.4.3 Martensite 14
2.5 Cold Working, Annealing and Recrystallisation 14
2.6 Textures 15
2.7 Y Values and Formability 16
2.8 Weldability 17
2.9 Corrosion Resistance 18

Chapter 3 COLD WORKING, RECOVERY, RECRYSTALLISATION, AND GRAIN .
GROWTH 20

3.1 Cold Working 20



Chapter 4

Chapter 5

3.2 Recovery
©3.2.1 Basic Recovery
3.2,2 The Effect of Solute Elements on
Recovery
3.3 Recrystallisation
3.3.1 iNucleation
3.3.2 Particle Retarded Recrystallisation
3.3.3 Boundary Migration
3.4 Grain Growth
3.4.1 Normal Grain Growth
3.4.2 Abnormal Grain Growth or Secondary
Recrystallisation
3.4.3 Grain Growth in Single Phase Metals
3.4.4 Effects of Second Phase Particles on
Grain Growth
TEXTURES
4.1 Deformation Textures
4.1.1 Rolling Textures in BCC Single
Crystals :
4.1.2 Rolling Textures in BCC Poly-
crystalline Metals
4,1.3 - Theories of Texture Development
4,2 Recrystallisation Textures
4.2.1 Oriented Nucleation
4.2.2 Oriented Growth
4.2.3 Relative Merits of Oriented Nucleation
and Oriented Growth
4.2.4 The Effects of Second Phase Particles
4,2.5 Texture Deyelopment during Grain

Growth and Secondary Recrystallisation

FACTORS AFFECTING FORMABILITY

22

22

25

27

28

41

48

53

54

54

54

57

60

60

60

6l

62

64

65

72

74

75

77

79



Chapter 6

Chapter 7

5.1 Plastic Anisotropy and Crystallographic Textures
5.2 Deep Drawability R Value and Texture
5.3 Relative Merits of R Values and Cupping Tests
in Assessing Deep Drawability
5.4 Effects of Microstructure and Composition on
Formability
5.5 Stretch Forming Tests
5.6 Forming Limit Diagrams
FRACTURE
6.1 Ductile Fracture
6.1.1 Void Nucleation
6.1.2 Void Growth and Coalescence
6.2 Brittle Fracture
6.2.1 Crack Nucleation
6.2.2 Initial Growth and Fracture

EXPERIMENTAL METHODS

7.1

7.5

7.6

Manufacture of Alloys
7.1.1 Methods of Manufacture
Cold Rolling

Annealing of the Specimens for the Kinetic
and Mechanistic Work

Specimen Preparation

Hardness Testing

Quantitative Metallography

7.6.1 Measurement of Volume Fraction
7.6.2 " Grain Size Measurement
Electron Microscopy

7.7.1 Thin Foils

79

83

85

86

%0

93

95

95

95

97

1o0

100

100

1ol

101

1ol

103

103

lo4

104

104

104

107

110

110



Chapter 8

7.8

7.9

7.10

7.7.2 Replica Teéhniques

7.7.3 Scanning Electron Microscopy
X-Ray Diffraction

7.8.1 Inverse Pole Figure

7.8.2 Normal Pole Figure

Mechanical Testing

7.9.1 Annealing
7.9.2 True Stress - True Strain
7.9.3 r Values

Formability Tests
7.10.1 Annealing
7.10.2 Erichsen Tests

7.10.3 Swift Cupping Tests

EXPERIMENTAL RESULTS

8.1

Hot Rolled Microstructures
8.1.1 17% Cr Steels
8.1.2 25% Cr Steels
Cold Working Characteristics

The Effect of Annealing

Recovery

8.4.1 The Effect of Cold Work

8.4.2 The Effect of Temperature and
Composition

8.4.3 The Effect of Interstitial Content
at 17% Cr

8.4.4 The Effect of Chromium Content at
the Lower Interstitial Level

8.4.5 The Effect of Molybdenum at the
Lower Interstitial Level

8.4.6 The Effect of Molybdenum at the

Higher Interstitial Level

111
111
111
112
115
118
118
118
120
121
121
121

121

123

123
123
129
130
131
132

132

133

133

133

134

135



8.7

8.4.8 The Effect of Niobium at the Lower
Interstitial Level

8.4.9 The Effect of Niobium at the Higher
Interstitial Level

Recrystallisation

8.5.1 The Effect of Cold Working

8.5.2 The Effect of Composition

8.5.3 The Effect of Composition and Cold
Work on the Recrystallised Grain Size

8.5.4 The Effect of Annealing Temperature
on the Grain Size

8.5.5 The Effect of Temperature on Recrystal-
lisation (Activation Energies)

Textures

8.6.1 Hot Rolled and Annealed Condition

8.6.2 The Effect of Cold Work and Composition

' on Texture Development

8.6.3 Summary of Effects

8.6.4 Deformation Textures (Full Pole
Figures)

8.6.5 Recrystallisation Textures

8.6.6 Recrystallisation Textures (Full

The Effect of Titanium at the Lower
Interstitial Content

Pole Figures)

Microstructural Features

8.7.1

8.7.2

Cold Work Condition

Recovery and Recrystallisation

Mechanical and Formability Tests

8.8.1

8.8.2

8.8.3

8.8.4

8.8.5

Annealing Treatments

Effect of Cold Work and Composition
on the r Value

The Effect of Texture on ; Value
Mechanical Properties

Factors Affecting the Limiting Draw
Ratio

135

135

136

136

136

136

140

141

142

143

144

144

l46

147

148

152

155

155

156

l64

l64

164

165

le6

170



Chapter 9

8.8,6

The Effect of Cold Reduction and
Composition onAr and Percentage
Earing

8.8.7 Erichsen Tests
8.9 Fracture
8,9.1 Tensile Specimens
8.9.2 Swift Tests
8.9.3 Erichsen Tests
DISCUSSION
9.1 Recovery
9.1.1 The Effect of Interstitial Content
9.1.2 The Effect of Chromium
9.1.3 The Effect of Molybdenum in the 17%
Cr Steels at the Lower Interstitial
Level
9.1.4 The Effect of Molybdenum at 25% Cr
9.1.5 The Effect of Molybdenum in the 17%
‘ Cr Steels at the Higher Interstitial
Level
9.1.6 . The Effect of Titanium
9.1.7 The Effect of Niobium at the Lower
Interstitial Level
9.1.8 The Effect of Niobium at the Higher
Interstitial Level
9.2 Recrystallisation
9.2.1 17% Cr Low (C+N)
9.2.2 The Effect of Interstitial Content
9.2.3 The Effect of Chromium Content
9,2.4 The Effect of Molybdenum in the 17%
Cr Steels at the Lower Interstitial
Level
9,2,5 The Effect of Molybdenum in the 25%

Cr Steel at the Lower Interstitial
Level

171

172

172

172

173

173

176

176

177

179

180

181

182

183

184

185

186

189

190

191

192

194



9.2.6 The 17% Cr High (C+N) 1% Mo Steel 194

9.2.7 The Effect of Titanium 197
9.2.8 The Effect of Niobium 198
9.3 The Develdpment of Deformation Tektures 200
9.4 The Development of Recrystallisation Textures 202
9.4.1  Alloy (1) 17% Cr Iow (C4N) 202
9.4.2 Alloy (2) 17% Cr High (C+N) 204
9.4.3 The Effect of Titanium and Niobium
at the Lower Interstitial Level 205
9.4.4 17% Cr High (C+N) + Nb 206
9.4.5 Alloy (4) 17% Cr Low (C+N) 1% Mo 207
9.4.6 Alloy (3) 17% Cr High (C+N) 1% Mo 208
9.4.7 The Effect of Chromium Content 208
9.4.8 The Effect of Molybdenum at 25% Cr 209
9.4.9 Summary of Recrystallisation Texture
Formation 209
9.5 Mechanical Properties 212
9.6 The Effect of Microstructure, Té;;;;;\and
R Value on Formability 215
9.6.1 Deep Drawability and r Value 215
9.6.2 The Effect of Cold Work and Composition
on the Erichsen Value 218
9.6.3 Factors Affecting Formability of
Ferritic Stainless Steels 221

Chapter 10 SUMMARY, CONCLUSIONS, RELEVANCE TO INDUSTRY AND

RECOMMENDATIONS 222
10.1 Summary and Conclusions 222
10.2 Relevance to Industrial Applications 227

10.3 Recommendations for Further Work 228



CHAPTER ONE

INTRODUCTION

The term "ferritic stainless steel" refers to a group of chromium-bearing
steels containing chromium contents ranging from 11 to 25%. They are
usually free from nickel but may contain certain other alloying elements,
e.g. aluminium, molybdenum, niobium or titanium. Ferritic stainless

steels containing between 17% and 25% chromium are an important group of
materials because of their potentially lower materials cost compared with
austenitic (18% chromium, 8% nickel) grades. They also have other

physical and chemical property advantages such as !6WQT

co-efficient of thermal expansion, electrical resistivity and superior stress

corrosion resistance particularly in the presence of chloride ions.

However, widespread utilisation of these materials has been limited by
several factors. Ferritic stainless steels exhibit poor weldability and
room temperature toughness, together with embrittlement after heating in
the temperature range around 475%. They also show intergranular

corrosion after heating at approximately 900°C.

The lack of weldability and room temperature toughness can to some extent be
overcome by the use of low interstitial contents. Although commercially
available air melted materials conventionally contain a minimum of 0.05%C
and 0.03%N, newer processes involving argonoxygen and electron beam refining
can reduce the combined carbon and nitrogen interstitial content to 0.04%
and 0.01% respectively.

(1) (2) (3)

Typical interstitial contents are



Carbon % Nitrogen % Carbon & Nitrogen %
Basic Electric Arc. 0.05 0.03 0.08
Argon-Oxygen 0.01/0.02 0.02 0.04
Electron Beam ' 0.002 0.008 0.01

The combination of such very low carbon and nitrogen contents with 2% Mo
in an 18% Cr steel gives corrosion resistance exceeding, in many cases,
that of austenitic steels, with superior formability and weldability to the

conventional ferritic grades.

With the exception of the phenomenon of 'roping' which is now known to be

a textural effect‘produced during hot working (167 ) (168 ), little
systematic attention has been paid to ferritic stainless steel. As these
steels are cheap alternatives to the nickel bearing austenitic stainless
steel, there is a considerable need for a systematic investigation of the

effect of composition on-the cold working, annealing and cold forming

characteristics of these materials.
The aims of the present work are to investigate :
i. The effects of composition in the cold working and recovery/

recrystallisation characteristics of ferritic stainless steels;

ii. The development of textures in both the cold worked and re-

'crystallised conditions;

iii. The identification of the role of both second phase particles
e.g. carbides and/or nitrides and solutes during recovery and
recrystallisation,and in the development of recrystallisation

textures;

iv. To relate the mechanical properties obtained from true stress-



true stiain characteristics, e.g. uniform elongation,fiu, rate
of work hardening éﬁ; ana r values, to the recry;tallised
structures and textures, and thereby to. examine the effects of
microstructure, textures, and composition on forming character-
istics, under conditions of deep drawing and stretch forming.
Tensile test parameters will also be related to forming
characteristics, determined by deep drawing and Erichsen tests,
wherever possible in an attempt to define structure-formability

relationships with a view to the more efficient processing and

usage of these steels.

Also it is hoped to identify the metallurgical features that limit

ductiiity during forming, and the mechanism of failure.



CHAPTER TWO

2. FERRITIC STAINLESS STEELS

2.1 CONSTITUTION

The iron-chromium equilibrium diagram (fig 1) indicates the change in
microstructure with an increase in the chromium content. Above 12%Cr
the diagram shows that the steels are completely ferritic. However,

in commercial materials the iron-chromium-carbon ternary system is more
appropriate. A vertical section of this system is shown at O;OS%C

(fig 2). The addition of carbon extends the gamma loop and also increases
the composition range of the duplex austenite-ferrite phase field. As
the chromium content is increased, the austenite transformatioh temperature
increases, and above about 22%Cr, 0.05%C the steels are completely ferritic.
Further increases in chromium merely increase the temperature of the M23C6

solvus line, i.e. the temperature at which M type carbide is completely

23%
dissolved in the ferrite. This was further illustrated by the work of

(4)

Castro and Tricot who determined the equilibrium between austenite and
ferrite in ferritic stainless steels at hot rolling temperatures using

the following alloys :

i. 0.045%C 17.3%Cr

ii. 0.080%C 15.7%Cr

The results of their work are shown in Figure 3 which illustrates variations
in the percentage austenite with temperature and composition. It was
found that the percentage austenite increased with increasing carbon content

and decreased with increasing chromium content.



The austenite formed at these temperatures subsequently transformed to
martensite during cooling to robm temperature. As nitrogen is also an
austénite stabiliser and is always present in ferritic stainless steels in
varying amoﬁnts, a commercial 0.05%C 0.033N steel will require in excess

of the 22%Cr indicated in Figure 2 in order to be completely ferritic.
Ferritic stainless steel can therefore be divided into two categories

i. 17%Cr steels which possess a duplex austenite/ferrite micro-
o
structure at a temperature of 1000 C, in which the amount of
austenite is dictated by the interstitial level. This austenite

transforms to martensite on cooling to room temperature;

ii. 25%Cr steels which have a fully ferritic microstructure from room

temperature up to the melting point.

If however the martensite produced in steels of category i. is tempered in
the temperature range 750°C - 800°C it can be converted to ferrite and
carbide and therefore in all composition ranges between 17% and 25%Cr, the

predominant phase is bcc ferrite.

Additions of molybdenum have been shown to raise the transformation
temperature at which austenite begins to formfnand also reduce the percentage
austenite for constant chromium and carbon contents. This is shown by the
fact that additions of molybdenum to a 0.05%C 17%Cr steel reduced thevoverall
hardness in the hot rolled condition while increasing the hardness of the
ferrite by solid solution hardening.

(5)

According to the work of Bungamitet al'”’ the ferrite forming ability of

molybdenum is 1.5 times that of chromium. This would mean thét an addition



of 1% by weight of molybdenum to a 17%Cr 0.05%C steel would produce a

microstructure equivalent to that of 18.5%Cr 0.05%C steel.

Additions of niobium and titanium reduce the amount of austenite at given
chromium, carbon and nitrogen contents to an even greater extent than does
molybdenum. The effect of these additions is to reduce the carbon and

nitrogen in solid solution by the formation of insoluble titanium/niobium

(6)

carbonitrides. This has been further substantiated by the work of Pollard
using 25%Cr and 25%Cr 0.16%Ti steels. In the base composition, the
nitrogen content varied from 0.023% at 927°C to 0.006% at 593OC. While

the titanium bearing steel reduced the solubility of nitrogen to 0.0035% in
the temperature ranges 1204-316°C. It is more difficult to quantify the
ferrite forming tendency of niobium and titanium as these not only have a
direct effect by minimising the austenite forming action of carbon and
nitrogen, with which they are combined, but also are ferrite forming elements
themselves. In certain materials, the titanium and/or niobium additions

may not be sufficient to eliminate completely the austenite.

2.2 PRECIPITATES

Precipitates observed in high chromium steels are being reviewed because it
has been reported by many workers that they influence recovery, recrystal-

lisation, grain growth and textures.

2.2.1 Carbides.and Nitrides

The solubility of interstitial carbon and nitrogen at room temperature is
an order of magnitude less in bcc ferrite than in fcc austenite. Because
of the low room temperature solubility, most of the carbon and nitrogen is

present in the form of precipitates, particularly in the case of the higher



interstitial levels.

Precipitates are mainly of the type M23C6’ M7C3 and M2X where M denotes the
metal étom. : Both carbide and nitride particles dissolve on heating above
850°C, with the nitride dissolving faster than the éarbide, and are_completely
in solution between 1000°C and 1100°C. On cooling from solution treatment
temperatures carbides precipitate first and occur preferentially on the

grain boundaries which are the most favourable sites kinetically.(B) This

6
is not surprising as Pollaré ghowed that the solubility of carbon decreased

more rapidly with temperature than that for nitrogen.

2.2.2 . Carbides in the Fe-C-Cr System

5
The equilibrium diagram (fig 4% Lhows that the carbides present at 700°C are

M3C, M7C3 and M23C6 in order of increasing chromium content. Increasing

the carbon content stabilises the lower chromium content carbide at a constant

chromium level, i.e. M7C3 or M3C. This may be expectéd because a high

carbon content will increase the carbide volume fraction, thereby diluting

the metal: C | ratio in an alloy of constant chromium content.

Durinc the formation of M at 700°C, the carbide must form through the

23%
intermediate carbides M3C and M7C3. To determine the intermediate carbides

which may occur for a given composition, a line must be drawn from the
co-ordinates of the carbon and chromium contents to the origin of the diagram.

For a 0.05%C 17%Cr steel, M7C3 must form prior to M23C6. The equilibrium

diagram indicates that only M, should be present, after annealing at

23%
(9)

and Leiber et aflo)observed M.C. in 0.05%C 17%Cr and

7500C, but Bywater 73

0.02%C 10%Cr steels, after tempering in the range 600-800°C and 600-750°C

respectively. According to Figure 2, M7C3 is a non-equilibrium carbide

(9)

at 700°C and Bywater explained its presence in terms of a partitioning of



chromium to the ferrite allowing austenite (martensite) to enter the three
phase field at 6.5%Cr (fig 2). A more likely explanation is that it is

a kinetic effect because M7C3 was still transforming to M23C6 and Shaw and

(11)

Quarrell showed that transformation was still proceeding after 1000 hours

at 700°C.

Various carbides and nitrides have been reported in ferritic steels.

However the most important types in ferritic stainless steel are M23C6,

M7C3 and M2X:

i. M.Cy

This is a chromium rich carbide with trigonal structure based on

that of Cr.C

+C3- It has a very high solubility for iron which

in fact may become the major alloying element with a metal:

(12)

C ratio of 0.6. Henzko in fact defined a composition

Fe,Cr.C, in a 17%Cr steel. Molybdenum has a relatively low

27573
solubility in M_C (13).

73 the maximum metal:C. ratio being 0.55

ii. M,3Ce

This is again a chromium rich carbide having a complex face

centred cubic structure. Iron can replace chromium up to a

metal:atom ratio of 0.4. Henzko(lz) defined the composition
C_. i

of M23C6 as FeSCr15 6 Molybdenum also has considerable

solubility in M and the composition of the carbide can be

23%
anywhere between Cr23C6 and Fe21M0206 depending on the alloy

composition. is ﬁsually a grain boundary phase and

C
M)3"6

precipitates as less stable carbides dissolve.

iii. M X

M2X denotes a general group of hexagonal carbides and nitrides,



'X' denoting either carbon or nitrogen. In many cases, both
types of interstitial atoms are present. In ferritic stainless
steels, the composition is usually quoted as Cr2N. However, the

(14) (6)

work of Lagneborg and Pollard showed extensive solubility

of carbon and nitrogen.in Cr2N. Due to:extensive mutual
solubility between isomorphous compounds, the phase Cr2N is
probably best represented by (Cr Fe Mo)2CN.

(15)

Irvine et al. suggested that in.the presence of nitrogen, the

carbide sequences in high (12%) chromium steels is not :

MJC == M,Cy == M,.Cy

but is modified to :

73
M€ M0 T wx T Mas%e
2.2.3 - Carbides in the Fe-Mo-C System

The principal carbides of the iron-molybdenum-carbon system are M3C, M23C6'

Mj Cp, M_C and Mo,C. and Mj Cp are not considered to be equil-

6 2 "53%
ibrium phases but due to the slow approach to equilibrium, may persist for
periods well in excess of 2000 hours at 700°C. For most practical

purposes, they may be considered as 'equilibrium' phases in many steels,

particularly M23C6’

With the addition of chromium, the iron-chromium-molybdenum carbide

(13)

constitution diagram appears as in Figure 5 This indicates that

with 0-2% Molybdenum and 0-12%Cr, the principal carbides are M_C, M7C3,

3

o o .
M23C6 and M6C at 700 C. It would appear that at 700 C, M23C6 is the



- 10 -

stable carbide in a basic 18%Cr 2%Mo steel. A molybdenum content in

excess of 3% would be required to produce MGC in an 18%Cr steel. During

the formation of M23CG in an 18%Cr 2%Mo steel, the carbide transformation

sequences would be M_.C -- M It is not certain how molybdenum

- C .
3 73 77 M23%
affects the kinetics of the transformation as there appears to be little

published information on this. It is thought, however, that due to the

low solubility of molybdenum in M7C3 the presence of molybdenum will have

little effect on the dissolution of M_C

7C3- However, molybdenum may retard

nucleation and growth of M23C6 because of the slower diffusion of molybdenum.

In the presence.of nitrogen, M X forms in preference to M7C Molybdenum

2 3°

has considerable solubility in M,X and will therefore partition to it.

2

It is thought that in the presence of nitrogen, molybdenum will considerably

retard the rate of M23C6 formation.

2.2.4 Titanium and Niobium Carbo-nitrides

As carbide and nitride phases are isomorphous, titanium and niobium will
tend to form carbo-nitrides of the type Nb (CN), Ti (CN) with fcc structures.

In niobium steels, the principal carbides are NbC, M_C, and M,_.C (16)

7°3 HMa3%e ; but

o] .
above 7%Cr at 700 C, M7C3 is not stable and the principal carbides are M23C6

and Nb C. The presence of M would appear doubtful, as niobium has

73

been found to accelerate the M7C6 - M23C6 reaction by removing the available

carbon and thereby reducing the amount of M_C. formed. It would be

73
(6)

expected that titanium would behave similarly. Pollard observed the

precipitation of chromium carbide (M23C6) at titanium carbonitride particles

during cooling in a 26%Cr 0.16%Ti steel. In austenitic steels, it was

(17) that the relative amounts of M..C_ to Nb(CN) or Ti(CN) depended

shown 23%

on the titanium or niobium to carbon ratio. Titanium or niobium contents
above stoichiometry tended to favour the formation of Nb or Ti (CN),

while those less than stoichiometry showed an increasedamount of M23C6'
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2.3 INTERMETALLIC COMPOUNDS

2.3.1 Sigma Phase

Sigma phase is an intermetallic compound of iron and chromium approximating
to FeCr. In a 17%Cr steel, sigma phase is stable only at temperatures
below 600°C (fig 6) where precipitation occurs very slowly, i.e. with an
incubation time approaching 104hours. The incubation time can be halved
by cold working(l8). A 25% chromium steel will form sigma phase at
temperatures below 650°C because increasing the chromium content extends

the temperature range of sigma phase stability. Additions of ferrite
formers such as silicon or molybdenum(lg)(2o), which dissolve in sigma phase,
: leéd to an increase in its rate of formation and to an extension of its
range of stability, as a result of silicon and molybdenum increasing the

degree of supersaturation. Sigma phase can be dissolved rapidly by

heating at temperatures in excess of 800°cC.

2.3.2 . Chi Phase

The phase has the approximate composition (Fe36Cr12Molo). It occurs

in 17%Cr steels at molybdenum contents in excess of 3.5%. Chi phase is
stable over a wider temperature range than is sigma phase. Annealing at

temperatures around 1000°C was required to eliminate it in an 18%Cr steel

(21)

containing over 3.5% molybdenum .

2.3.3 . Laves Phase

If titanium or niobium are added in considerable excess of that needed to
combine with the carbon and nitrogen, they can lead to the formation of

77 .
embrittling intermetallic compounds Fe2M3 or Fez% w%ere M signifies titanium

or niobium.



2.3.4 - The &' Phase

Ferritic stainless steels are particularly susceptible to 'embrittlement'
if heated for even a short time in the temperature range 400°-600°C.

This phenomenon was not characteristic of a process involving precipitation
of carbide etc. Initially it was thought to be due to sigma phase or an
intermediate phase prior to_sigma phase formation. This idea was
rejected because the embrittling effects were removed by heating to a
temperature within the sigma phase field. More recently, Williams and

(22)

Paxton considered that embrittlement was due to the precipitation of

. ,
the chromium rich €4 phase in the miscibility gap in the iron-chromium
equilibrium diagram. Theoretical confirmation of this was given by

(26) (24) (26)

Kubaschewski and Chart and electron microscopy showed coherent

particles of 9('which is a bcc solid solﬁtion. Williams and Paxton(22)
explained the variations in hardness, resistivity and Curie temperature
at temperatures above the miscibility gap in terms of increased clustering
with decreasing femperature. Lagneborg(l4) observed the occurrence of
coherent.°('particles containing approximately 80%Cr in conjunction with
chromium nitride needles, which formed preferentially at dislocations,
inclusions and grain boundaries. He concluded that the precipitation of
o' yas enhanced by the local high chromium content associated with the
(56)

chromium nitride particles. Williams phase diagram for the iron-

chromium system at low temperatures is reproduced in Figure 6.

2.4 MECHANICAL PROPERTIES AND STRUCTURE PROPERTY RELATIONSHIPS OF
FERRITIC STAINLESS STEELS

The yield stresses of ferritic stainless steels are higher than austenitic

stainless steels, 310-460 MN/N2, compared with 230 MN/M2 of austenitic

(162)

stainless steels Ferritic stainless steels, however, work harden

less rapidly than do austenitic stainless steels because of the lower work



hardening rate of bcc ferrite compared with fcc austenite. Structure-
property relationships have been attempted, but were found to be complex

and as yet not fully understood or quantified. The major factors affecting
mechanical properties are grain size, solid solution hardéning, and

percentage martensite.

2.4.1 Grain Size

Refining the ferrite grain size increased both the yield stress and tensile
strengths according to a Petch type relationship. However, because the
measured ferrite grain size may not be the controlling one, high chromium

(27)

ferrite grains contain many subgrains. , as a result of incomplete
recrystallisation. Thus the yield strengths and tensile strengths also
depend on the subgrain size. This is the reason why structure-property
relationéhips are complex. However, cleavage crack propagation is not

impeded. Therefore the impact properties depend on the coarse observed

grain size.

Because these steels have a bcc ferrite structure, they exhibit a ductile-
brittle transition. The transition temperature is considerably higher
than for mild steel because of the embrittling effect of chromium dissolved
in the ferrite. The ductile brittle transition temperature decreases

as the grain size decreases, but because these steels do not undergo phase

transformation, they tend to have coarse grain sizes.

2.4.2 Solid Solution Effects

The solid solution hardening effects on fully ferritic structures are
similar to those of low carbon steels. Additions of chromium and molyb-

(7) 146).
denum increased the strength of the ferrite due to lattice dilation effects(l %

However, because many of these steels are duplex, the strength also depends



on the amount of austenite (martensite) in the structure. Austenite
formers, e.g. Ni, C, N etc., increase the strength rapidly by increasing
the amount of austenite which transforms to martensite. Ferrite formers,
e.g. Cr and Mo, while increasing the strength of the ferrite decrease the

overall strength of the steel, by decreasing the amount of austenite.

Only when the structure is completely ferritic, does solid solution hardening
become apparent. The interstitial solutes (carbon and nitrogen) increase
the strength linearly, nitrogen increases the strength more than carbon
because of a higher solubility. Both interstitial and substitutional
solutes have been shown to decrease ductility and increase the impact

s (162) ‘o . .
transition temperature . Additions of titanium to a 26%Cr 0.015% (C+N)

' (1

steel have been shown to decrease the yield stress. Thus, the effect of

removal of (C+N) from solution was not balanced by solid solution hardening

by titanium.

2.4.3 Martensite

Increasing the amount of martensite caused a linear ‘increase in the tensile
strength, but initially increasing amounts of martensite decreased the

. (27) . .
yield stress . This was due to internal stresses; however, at
martensite contents above 15-20% the yield stress begins to increase. However
increasing the amount of austenite refines the ferrite grain size as it
pins the ferrite grains thus preventing grain-growth. This further

complicates the strengthening effects and also offsets the detrimental

effects of martensite -on impact properties.

2.5 COLD WORKING, ANNEALING AND RECRYSTALLISATION

There has been very little published work on the cold working and annealing



(133) carried out work on the cold

of ferritic stainless steel. Wright
working and annealing of a 26%Cr 1%Mo steel. During cold work, the steel
.behaved in a similar manner to other becc metals, i.e. had a high initial

rate of work hardening, but did not maintain a high work hardening rate.
Annealing treatments showed that the steel tended to exhibit considerable
amounts of recovery prior to recrystallisation. Recrystallisation was
retarded by the additions of chromium and molybdenum when compared with a

low carbon steel. However, in this investigation, recovery and recrystal-
lisation were only examined in a superficial maﬁner by hardness testing.

There has been no published work on the recrystallisation kinetics of

ferritic stainless steels, as a function of time, temperature and percentage
reduction in steels containing varying Cr, C, N, Nb, Ti and Mo contents.
Bywater(lGl) observed that considerable quantities of austenite, present

at hot rolling temperatures, tended to accellerate ferrite recrystallisation
during hot rolling, while structures containing little or no austenite did

not recrystallise, but rather tended to produce a polygonised structure.

The presence of austenite must have a catalytic effect on the recrystallisationo

ferrite; presumably by a nucleation process at the austenite-ferrite

interface.

2.6 TEXTURES

There has been very little published work on the development of textures in
ferritic stainless steels. However, the work of Yantas(l64) and Wright(l33)
showed that deformation and recrystallisation textures produced in these
alloys were similar té those in most bcc metals and alloys. This is

hardly surprising because the later chapter on textures shows that the

texture developed is very much a function of the crystal structure, i.e.

deformation textures depend upon the operative slip systems while the



development of recrystallisation textures is a function of the stored energy

of the textural component in the deformation texture.

2.7 T VALUES AND FORMABILITY

The effect of composition on r value was investigated by Bruckner and

(165) =

Berger . 1 value was predicted directly from composition. No

mention was made of the effect of texture on r value which has been shown

(127) (128) (129) It is thought that the

to be of prime importance
composition affects the r value due to its effect on the development of
recrystallisation textures.

(166)

Schneider et al showed that the r value in ferritic stainless steels

increased with increasing cold reduction up to maximum reduction of 85%.
By proper control of the cold rolling and annealing cycle, it was possible
to develop r values of 1.5-1.7 equivalent to aluminium-killed drawing
quality mild steel, and no earing. This indicates that a strong {lll}

(133)

<uvwy> type texture was present At low reductionsl r was negative

and earing was at 45° to rolling direction indicating a {100} <Oll1>
(133)

texture .

During forming operations ferritic stainless steels suffer from a phenomenon

7
called 'roping'. This is a textural effect developed during hot rolling(16 )

(168{ It manifests itself as ugly rope-like marks which are present
after small deformations.

(167) it has been suggested that when €100} <Ol1>

In one of the theories
or {110} <00l1> textures occur as clusters of grains or bands in a matrix

of {1113 <01l1?> , the anisotropic deformation of these textures results

in variations in the width to thickness ratio of the clusters or bands.



A second theory has been postulated(lGB)

in which 'roping' can occur
within a {lll}-'<1lo> texture due to asymmetric shape change of the

adjacent crystals.

2.8 WELDABILITY

Welding is generally considered to be a major problem because :

i. The absence of a phase change allows very coarse grains to
develop in the weld and heat affected zone, which induces
brittleness(27). This is a particular problem in 17%Cr low
(C+N) and 25%Cr chromium steels, as most of the pinning particles
dissolve in the ferrite between 1000°C and 1100°C.  Above this

temperature few pinning particles are present and therefore

unrestricted grain growth occurs.

ii. If the composition of the steel is such that it passes through
the edge of the gamma ldop on heating or cooling, ferrite grains
grow rapidly above the gamma loop, because of the absence of
austenite or pinning particles. On cooling, a coarse
widmanstatten structure of austenite forms. The austenite then

tranforms to martensite, which gives marked embrittlement.

Post weld annealing can alleviate the martensite problem by tempering,

but it cannot refine the ferrite grain size. Post weld annealing may
also precipitate carbides or nitrides which both harden and embrittle the
steel. The ferrite grains can be prevented from growing by the addition
of titanium or niobium which combine with cérbon and nitrogen to produce
stable carbonitrides. The particles pin the grain boundaries at

temperatures above the solution temperature for primary carbides.



However, the post weld annealing of niobium or titanium steels may precip-

itate Nb(CN) or Ti(CN) which causes hardening and embrittlement.

In lower interstitial content steels despite the good effects of low (C+N)
on toughness and ductility, coarse grain sizes are a major problem due to

(27)

the absence of pinning particles.

2.9 CORROSION RESISTANCE

It is well established that corrosion resistance is a function of the
chromium content. The corrosion resistance is conferred by the ability

of chromium to produce a passive layer at chromium contents in excess of

However, although general corrosion resistance was a function of chromium
content, recent work(zs) showed that resistance to intergranular attack

was a function of interstitial content. In contrast to austenitic
stainless steels which are susceptible to interg;gnular attack after heating
in the range 650°C - 7OOOC, ferritic stainless steels are susceptible only
after heating to temperatures in excess of 900°¢. At this temperature,
the solubility of carbon and nitrogen in ferrite is-sufficiently high to
cause precipitation of chromium rich carbides at grain boundaries during
subsequent cooling. Intergranular attack may be overcome by annealing

at temperatures in the range 650°C - 800°C.which permits diffusion of chromium

to the denuded areas adjacent to the precipitates.

Susceptibility to intergranular corrosion can be reduced in two ways :

i. By reducing the interstitial content to a low level thus preventing

precipitation of chromium carbide;



ii. By additions of titanium or niobium which éombine with the carbon
and nitrogen as insoluble carbonitrides, so preventing chromium
carbide precipitation. However, titanium is not so effective
in preventing intergranular failure in oxidising media, as TiN

and TiC are vigorouély attacked.

In contrast to austenitic stainless steels, ferritic grades are not
susceptible to stress corrosion unless they contain copper and nickel which
form austenite (martensite). However, in the sensitised condition they
are particularly vulnerable to a stress assisted‘intergranular corrosion,

which can result in severe cracking.

In common with austenitic stainless steels, additions of up to 2%Mo have
a beneficial effect on pitting resistance, and improve general corrosion

resistance.



CHAPTER THREE

3. COLD WORKING, RECOVERY, RECRYSTALLISATION AND GRAIN GROWTH

3.1 COLD WORKING

Cold working is being reviewed as the mechanisms of recovery and recrystal-
lisation depend upon the nature of the cold worked state. Annealed
materials contain a low density of dislocations of the order of lO6 lines Cm—%
In bce metals, there is a rapid increase in the dislocation density as

plastic deformation increases and the work hardening rate is high. With
increasing reduction, the work hardening rate decreases rapidly. At
deformationsof less than 1% dislocations are characterised by fairly straight
lines. As deformation proceeds they become increasingly jogged, showing
cusps and dislocation loops in the matrix.

Carrington et al(29) found that cusps or dislocations formed by the

following reactions for dislocation on intersecting slip planes :
a - a -
5 1l o+ 3 [111] =  a [ol0} —_— (1)

This reaction results in a decrease in energy, and leads to the formation

of triple point nodes which are a common feature of bcc metals. The above
dislocation interaction results in the tendency for dislocations inside
individual grains to form a cell or subgrain type of structure, and cell

formation was observed by many workers(zg)(30)(3l)

in both polycrystalline
and single crystal bcc metals. Cell boundaries are essentially tangles
of three dimensional networks of dislocations produced by a reaction of thé
type given in equation (1). Increasing the degree of deformation causes
the cellular structure to become more pronounced and reduces the cell size.

(32)

It was found that subgrains in cold deformed polycrystalline iron rolled
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70% were 0.5 - Laam in diameter with average misorientations from 2 - 6°.
These variations in cell size and misorientation were correlated with the
different orientations of the individual grains in which the cells had
formed. This will be reviewed later in greater detail in the chapter

concerned with textures.

The preceding work assumed that within individual grains the cell misorient-
ation was relatively uniform. However, many workers reported deformation
or transition bands formed within individual matrix grains or even in

(33)(34). Transition bands are boundaries between the

single cfystals
different parts of the crystal that have undergone different amounts of
rotation during deformation, so that there is a high degree of misorientation

across the boundaries. These sites are favourable for the nucleation

of recrystallised grains.

After cold working, about 10% of the total energy expended in deformation

is stored in the metal. The metal is therefore thermodynamically unstable
and hence annealing will tend to revert it to‘its original state by some
thermally activated process. Energy is released in two stages.

(35) and Antonione et al(36) showed that two distinct slopes

Venturello et al
occur in hardness versus time or temperature curves for the annealing of
iron containing carbon and nitrogen respectively. These two stages were
interpreted in terms of recovery and recrystallisation. Recovery which
comprises various stages of energy release, is concerned with the removal
of strain energy, the annihilation and re-arrangement of dislocations and
the removal of point defects (vacancies and interstitials). Recrystal-

lisation however is concerned with the formation of strain free grains

and the migration of their boundaries.



3.2 RECOVERY

3.2.1 Basic Recovery

Recovery is accompanied by softening of the cold worked material. Recovery

(37). They

was investigated in zone refined iron by Michalax and Paxton
evaluated the rate of recovery as a function of deformation temperature,
annealing temperature and time. It was found that for a constant
deformation and annealing temperature, recovery was characterised by a

logarithmic time dependence. The fraction of residual strain hardening

was related to the annealing time by :

l1-R = b-aln.t (2)

where R is the fraction recovered, t is the time and a and b are constants.

The fraction of residual strain hardening was expressed as :

0‘—8;
1-R = o— _—  (3)
&, -0

@ is the flow stress of the recovered material, 53 is the flow stress of

the fully annealed material, anddrM is the flow stress of the cold worked’

material.

. (37) (38) .
Michalax and Paxton and Keh observed a very sharp decrease in the
flow stress in the early stages followed by a more gradual change. After

longer annealing time, little or no change in flow stress was observed.

Keh demonstrated that the initial decrease in the flow stress was associated
with the annihilation of dislocations within the cells formed during cold
work. During later stages of recovery, the number of dislocations

decreased further but less rapidly. However, it was not known why‘the



initial flow stress remained constant while the dislocétion density decreased.
A Petch type relationship of flow against subgrain size would be expected
leading to a decrease in the flow stress. This type of relationship was
observed by Ball(39), who found that the flow stress of iron decreased with
increasing subgrain size. Keh(38) postulated that the lack of substructure
hardening in his work may be a function of the purity of the metal. He

did not observe dislocation pile-ups at subgrain boundaries, which was the
basis of the Petch theory, and therefore he concluded that when iron was
sufficiently pure, the substructure hardening was negligible.

Michalax and Paxton(37) evaluated activation energies for recovery for a
given residual strain hardening. They showed that the activation energy

. . 4
for recovery of iron increased as recovery proceeded. Kuhlmann( 0) and

(41)

Dorn et al suggested that as deformation is heterogeneous; the most
highly deformed regions recovered first. As recovery progressed, it
became more difficult to make a thermally activated jump energetically
feasible because of less assistance from fluctuations in local free energy.
However, it would seem more reasonable to assume that there are several

reactions occurring concurrently during recovery and that it can be

divided into two main stages :

i. The first is concerned with the annihilation of dislocations of
unlike sign and the removal of point defects. Values for the
activation energy for the early stages of the recovery of iron

were comparable with those for the migration of vacancies.

ii. The second is the formation of a stable dislocation array, i.e.
the formation of low angle grain boundaries by polygonisation and
the migration of those boundaries. In zone refined iron, the

activation energy for the later stage of recovery was in excellent



(43)

agreement with that for self-diffusion of & iron ,

approximately 280 KJ/Mole.

Both stages involve climb, cross-slip, and glide of dislocations and can only
. . . . . (42)
occur if there is sufficient thermal activation. Seeger postulated
that recovery occurs by thermally activated double cross slip, that
annihilated unlike screw dislocations. Thus, the activation energy was
dependent on the length of the dislocatiors and the separation distance
between them. A similar model for the annihilation of dislocation dipoles
. (44) ; ; :
was analysed by Li which considered the attractive force between two
dislocations of opposite sign and showed that this varied inversely with
their separation and directly with their mobility. Therefore, in the
early stages of recovery, annihilation takes place mainly of dislocations
which are close together, thus requiring very little thermal activation and
hence, a low activation energy. At later stages, distances through which
dislocations must move before annihilation can occur are greater, movement

of dislocations requiring the diffusion of vacancies, which necessitates

greater thermal activation, and hence a higher activation energy.

Subsequent or concurrent to the process of annihilation of dislocations is

a process by which dislocations of like sign align themselves into a lower
energy configuration. This process is known as polygonisation and was
discovered independently by Cahn(45)(46) and Beck(47). A continuously
bent lattice must contain an excess of dislocations of one sign, as also-
must cell boundaries, for there to be a misorientation between adjacent cells.
Two types of boundaries are poséible, namely a tilt or a twist boundary,

or mixtures of both. If all the excess dislocations are edge dislocations,
i.e. tilt boundary, the energy may be decreased by the alignment of the

dislocations in a wall. To achieve polygonisation, dislocations must

climb and glide and hence thermal activation is required, particularly



in the case of climb, for the diffusion of vacancies to dislocations.
Therefore, the activation energy for this process would be expected to be

greater than for dislocation annihilation.
Further decreases in stored energy occur when the cells begin to grow, or
subgrain boundaries begin to migrate in order to decrease their energy.

Two processes were observed for the growth of subgrains :

a. Subgrain growth

b. Subgrain coalescence and re-orientation.

These processes will be discussed later in the section on recrystallisation.

3.2.2 The Effect of Solute Elements on Recovery
. (48) (49) | . . . . .
Leslie et al in experiments using pure iron and dilute iron alloys,
. (36) (35) . . -
Antonione - et al and Venturello et al using pure iron containing

interstitial solutes,studied thé effects of solute elements on recovery

and recrystallisation. . Graphs of percentage softening against percentage
recrystallisation for both pure iron and its alloys showed that for a constant
percentage recrystallisation, more recovery occurred in the pure iron.

This was attributed to retardation of recovery by solute atoms. At a
temperature of 4OOOC, the time required for equal amounts éf recovery for
carburised and nitrided iron was 102 and 103 times respectively that for

pure iron. Similar results were obtained using iron-manganese alloys.
Little or no recovery occurred after fifteen hours at 4OOOC, but at 600°C

(48)

the alloy recovered faster than the pure metal. Leslie explained
this in terms of an increased dislocation density in the deformed iron-

manganese alloy compared with pure iron.



Earlier it has been stated that the rate of recovery was affected by the

mobility of dislocations. It is known that'the free energy of the system
is lowered when solute atoms segregate to vacancies, dislocations or grain
boundaries. Solute atoms segregated to dislocations thus reducing their

5
mobility. In terms of the Cottrell( 0)

theory of dislocation 'atmosphere'
formation, the rate of movement of the dislocation was controlled by the

diffusion of the solute atom. Therefore the movement of dislocation is

slow.

An increase in the temperature reduces the number of solute atoms which
interact with dislocations and also increases their diffusion rate. If
it is considered that the interaction energy is proportional to the number
of interacting atoms, then the effect of temperature on the concentration

of solute in the dislocation atmosphere is given by :

-V

kT
c = ¢C
o e (4)

where V is the interaction energy, k is Boltzmann's constant, T is
temperature in oK, and C and Co are the solute concentrations at the

dislocation and in the matrix respectively.

For carbon and nitrogen at low temperatures, there is a strong interaction
between dislocations and the solute atoms. Hence, dislocation-mobility
is . impeded to such an extent that only local annihilaﬁion and rearrangement
is possible. As the temperature increases, the dislocation escapes from
its 'atmosphere', i.e. the atmosphere 'boils off'. The temperature at
which this occurs depends on the solute. For carbon and nitrogen in iron,
the temperature at which the interstitial atoms begin to 'boil off' is
around 400°C. Additions of substitutional solute atoms increase the

strength of the interaction of the interstitial atoms with dislocation



because of a higher interaction energy. This is particularly the case
with strong carbide or nitride formers, such as chromium, molybdenum,

(14)

vanadium. In ferritic stainless steels, Lagneborg found that carbide

and nitride precipitates were associated with dislocation and grain

(51)

boundaries, which suggests a strong interaction. Glen carried out
work using additions of manganese, chromium and molybdenum to low carbon
steels, to measure the effects of substitutional elements on strain ageing.
In general two strain ageing peaks occurred and were interpreted in terms
of solute interactions with dislocations. The first, at around 2OOOC,

was associated with carbon and nitrogen atoms diffusing to the dislocations
during straining. The second was a result of either precipitation of an
alloy carbide or nitride at the formation of M-C/M-N 'atmospheres' at the
dislocation. In either case, diffusion of solute atoms to the dislocation
was required. Although strain ageing peaks for carbon and nitrogen
occurred at around 200°C for strain aged specimens, carbon and nitrogen

o_(35) (36)

had a considerable effect on recovery at 400 C Similar effects

R (48) . .. .
on recovery were also observed in iron-manganese alloys , indicating

that 'atmospheres' were effective in retarding recovery at temperatures well

in excess of the strain ageing peaks.

3.3 RECRYSTALLISATION

Basic recrystallisation is being reviewed in order to apply recrystallisation

theories to ferritic stainless steels.

Recrystallisation is a process involving the nucleation and growth of strain
free grains from a cold worked or recovered matrix. The work of Leslie

et a14®

using pure iron showed that recrystallisation was a growth
controlled process and that nuclei were present at zero time. However,

in commercial materials, it has been shown that nuclei are not available



for growth at zero time and that the nucleation stage is probably more
important than the growth stage in determining the rate of recrystallisation
(31)(64)(70)(74)(76). General nucleation and growth will be the main

feature of this discussion. The effect of orientation will be discussed

later in relation to recrystallisation textures.

3.3.1 Nucleation

i. Currently, there are four suggested nucleation mechanisms :

The Classical Model

This was based on the assumption that the nucleus which was

capable of growth was formed as a result of thermal fluctuations

in the same manner as the classical theory of phase transform-
(52)

ations . The change in free energy, on forming the embryo,

was therefore given by Volmer's equation for a spherical grain :

_ 2 4_ 3
AF, = 4vwr J - FOr AFV (5)

where t}Fb_is the difference in strain energy between the cold
worked and recrystallised states, X' is the interfacial energy

between strained and recrystallised regions. Bailey(53) and

Cahp(54) and others showed that homogeneous nucleation in terms
of Valmer's equation is almost impossible in recrystallisation.
This was because of the high surface free energies of high angle
boﬁndaries compared with the small driving force of the stored

energy of cold work resulting in activation energies and

critical nucleus sizes which were far too large.



Heterogeneous nucleation is a possibility with the new grain
forming a lens shaped region on a pre-existing grain boundary.
The use of the theory of heterogeneous nucleation shows that the

critical energy to form a nucleus can be reduced by a factor of :

2
5 .
(where © is the angle of contact
at the grain boundary)
This makes very little difference to the conclusion that nucleation
is very unlikely by the classical nucleation model, as even with

heterogeneous nucleation, the surface energy is prohibitively high

compared with the driving force of cold work.

Pre-existing Nucleation Models

Modern theories of nucleation are based on models that the nucleus
is pre-existing within the cold worked structure. The nucleus

. (55)

is thought to be formed by a recovery process. Orowan

pointed out that a potential pre-existing nucleus below the stable
size as determined by Volmer's equation cannot vanish because its

periphery is pinned by the dislocations surrounding it. Even

though embryos do not seem able to disappear, Volmer's equation

must be satisfied for growth of the nucleus to occur and the critical
nucleus size, as indicated by Volmer's‘equétion, must be exceeded.
. . , (56) . ‘s

Horiuchi and Gokyi attempted to quantify the critical nucleus
size in terms of the migration of a high angle grain boundary.
The driving force for boundary migration, P, is given by

P = P +P_+P + P

e r c

£ (7)



_30_

where Pe is due to strain energy, Pf is due to the interaction of
solute atoms or precipitates, Pr is due to boundary energy and Pc
is due to chemical energy. For a pure material, only Pe and Pr

need to be considered. If for a spherical grain Pr is given by

the following equation :

- 20
Pr - R — &
where R is the grain radius and & is the grain boundary energy

which is written as :

T - A0 (B - ;ne) _— ()

where A and B are constants. By assuming a value of B for a
high angle grain boundary, the critical nucleus size for the

migration of a high angle grain boundary is attained when :

or —_— (10)
e
R

It can be seen that factors which determine the strain energy,
e.g. degree of cold work and/or prior recovery, have an effect on
the éritical nucleus size. Small degrees of cold reduction or
large amounts of prior recovery increase the critical nucleus size

because of a decrease in the driving force.

At present three models for pre-existing nucleus models are used :
a. Subgrain coalescence;
b. Subgrain growth;

c. Strain induced boundary migration.



The subgrain coarsening models are associated with heterogeneous
nucleation. -~ The assumption was that in the material pre-formed
regions of high dislocation density exist which were strongly
misoriented with respect to their environment. At first low
angle grain boundaries (subgrains) are formed, and from these
mobile high angle boundaries finally evolve at some places.

This was considered to be possible in two ways, by 'subgrain growth'

and by 'subgrain coalescence'.

a. Subgrain Coalescence

The process of subgrain coalescence was observed by

Hu(3o) and Goodenow(3l)

and occurs by the common elimin-
ation of boundaries between adjacent subgrains. One
pre-requisite of subgrain coalescence was that re-orient-
ation must occur in order to preserve continuity in the
new grain. This was not the case for subgrain growth.

. . (57)
The process of subgrain coalescence was analysed by Li
in terms of a model in which grains are thought to rotate
bodily by diffusion processes until they achieve co-
. . (57) X
incidence . Li showed that the time (t) taken for

two subgrains to coalesce can be calculated from the

following :

ds2 KT
t = — —_— (11)

3p £ &5
o
where ds is the subgrain size, D is the diffusion
coefficient, 6 is the Burgers Vector, and j is the jog
density. The value of EO was estimated from the

following equation, assuming edge dislocations
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_ab

(12)
© 4 (1-v)

where V is Poisson's ratio, and/&& is the sheer modulus.

(58) attempted to use equation (11)

Smith and Dillamore
to compare experimental results of subgrain growth in
high purity iron, with the theoretical expression for

(57)

subgrain coalescence. Using Li's value for j

they found that the experimentélly determined growth
rates were 4 - 5 orders of magnitude faster than predicted,
and concluded that sub-boundaries migrate rather than
coalesce.

Although Hu(59)

has argued that metallographic evidence
shows that subgrain coalescence does occur, this evidence

may be ambiguous because of the experimental techniques

used :

i. Direct observation in a thin foil heated in the
electron-microscope;

ii. Observation of material annealed in bulk then

thinned.

The first technique is highly suspect as processes
observed in a heated thin foil may not take place in
bulk material, due to dislocations being able to climb

to a free surface.

The second technique allows a partially coalesced region
to be observed, and therefore there was no evidence to
suggest that subgrains were not in that state before

thinning. Thinning may also allow coalescence to



take place because of dislocations gliding to a free

surface.

Subgrain Growth

‘Bollman

This involves the growth of subgrains to a point where
high angle boundaries are formed, followed by the migration
of those boundaries. This process of nucleation has

ahn(45)(46) postulated

been verified by many workers. Cc

that some subgrains grow preferentially to others, but

he thought that recovery and recrystallisation were two

separate stages. It was proved conclusively by

(60)
and many other workers that recovery and

recrystallisation are competitive processes, i.e. recovery

was still taking place in the unrecrystallised matrix.

A potential recrystallisation nucleus is invariably a
subgrain which at a critical stage in its development is
distinguished from its neighbours by a size advantage.
Because the process of subgrain growth is analogous to
grain growth of recrystallised grains, Smith and Dillamore
used the approach to grain growth adopted by Hillert(Gl)
for grain growth in a single phase material and were able
to interpret their results in terms of sub-boundary
migration. The size advantage reqﬁired by a potential
nucleus can be discussed in terms of the equations of

(ée1) (62)

Hillert and Gladman . These will:be discussed

in more detail later in the section on grain growth.

The rate of growth of a subgrain will depend on the



relative size advantage of that subgrain. The larger

the subgrain with respect to the surrounding subgrains,
the faster it will grow. Therefore only the larger
subgrains will become viable nuclei. Both these models
assumed that the grain size was heterogeneous, i.e. that
there was a distribution of grain size, and indeed Smith
and Dillamore(58) observed a considerable distribution

in the cold worked subgrain size. The critical condition
for nucleation was the formation of a high angle grain
boundary, and so conditions that promoted a large lgttice
curvature, i.e. a high degree of cold reductién, deformation
bands, and pre-existing grain boﬁndaries make nucleation
by subgrain growth easier. Because high angle grain
boundaries can migrate several orders of magnitude faster
than for low angle boundaries,once a high angle boundary

is formed, it will consume the adjacent substructure

by boundary migration.

Strain Induced Boﬁndary Migration (SIBM)

In this process, a subgrain (subgrains) adjacent to a
pre-existing grain boundary in one grain grows by migration

of the boundary into the neighbouring grain. The process

of SIBM was first observed by Beck and Sperry(63) in

(54)

cold worked aluminium, Bailey and Hirsch in silver

(64)

and  Leslie et al in iron-0.08% copper observed

SIBM by electron microscopy after moderate reductions.
. . (54) s
Bailey and Hirsch thought SIBM to be an important

mechanism in fine grained materials at moderate deformations

because of the relatively small misorientations between
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cold worked cells, making nucleation by subgrain growth

difficult.

A model for strain induced boundary migration was

. . (65) . .
discussed by Bailey . Figure 7 illustrates a
schematic representation of two pre-existing grains,
A and B, of which a segment of grain boundary, of length
2L, bulges into grain A. If grain A has a higher
dislocation density than grain B, grain B will bulge

into grain A providing certain energy relationships are

satisfied.

The basic condition required for the bulge to grow is

given by :

26

=2 _— (1
where @ is the surface energy and A E is the difference
- in stored energy per unit volume, across the grain

boundary.

However, why SIBM was not observed after high deformations
was not clear. Large deformations would favour a
difference in dislocation density between adjacent grains,
i.e. large values of A E, which would be favourable for
SIBM. It may be that at large deformations, other
recrystallisation mechanisms are more favourable, e.g.

subgrain growth.



ii.

Nucleation Sites

Recrystallisation has been observed at three types of site :

a. At pre-existing grain boundaries;

b. At inclusions or second phase particles;
c. In the interior of grains.

a. Pre-existing Grain Boundaries

The effectiveness of pre-existing grain boundaries

sites at which nucleation of recrystallised grains

as

can

occur has been well established. The exact nature of

pre-existing grain boundaries in relation to nucleation

however was not clear, but it was observed that crystal

orientations change rapidly adjacent to and across pre-

existing grain boundaries.

At least two mechanisms may operate at grain boundaries

leading to the formation of recrystallised grains.

One

was that the boundary bows into the grain with the highest

stored energy. This is certainly a possibility as grains

of different orientations have differing degrees of

(32) (58)

stored energy . Another mechanism was that a

nucleus may develop from a subgrain at or near to a

pre-existing grain boundary by a subgrain growth mechanism.

This is also highly probable because of the higher

energy near to the grain boundary. In terms of

stored

equation (10) the higher stored energy adjacent to grain

boundaries leads to a decrease in the critical nucleus

size, and therefore grain boundaries are favourable sites

for nucleation.



Inclusions and Second Phase Particles

There have been many conflicting results concerning the
role of second phase particles on the recrystallisation
of metals. -Some investigators reported that dispersed
second phase particles accelerated recrystallisation
whereas others reported an opposite effect. The most

important factors were :

i. Particle distribution (i.e. the mean free path
between each particle);

ii. Particle size;

iii. Whether particles were present during cold work

or were formed during annealing.

. Acceleration of recrystallisation was generally associated

(66) showed that

with large particle spacings. Martin
an interparticle spacing of 8pam for internally oxidised
copper accelerated recrystallisation. English and

(67)

Backofen observed new grains forming at the matrix/
inclusion interface. On the other hand, all reported
observations of particle-retarded recrystallisation were

made on alloys for which the interpartiélespacing was

the order of ymm or less.

(68) (69)

Doherty and Martin and Mould and Cotterill
investigated the effects of interparticle spacing on
recrystallisation. Separation. between particles was

found to be more important than particle size, which was

always below %’um. Coarse spacings accelerated



recrystallisation whilst fine spacings retarded
recrystallisation. Doherty and Martin (68) observed

a critical spacing above which nucleation became easier.
This spacing was correlated with the impingement of
subgrains with second phase particles. It was found(7o)
that as the amount of second phase particles increased,
an increasedvnucleation rate occurred and only particle
sizes greater than the critical nucleus size acted as
nuclei. They als; observed a retarded recrystallisation
rate with fine second phase particles. It seems a
widely held opinion that the increase in recrystallisation
by the larger second phase particles was a result of an

increase in the nucleation rate. Very little effect

on the growth rate was observed.

Several mechanisms were postulated as to why second
phase particles are favourable sites for nucleation.

It was reported by many workers that inhomogeneous
deformation occurred at or near to the particle/matrix
interface. It is difficult to observe this in heavily
deformed metals, but light deformation of an iron-
bismuth alloy produced higher observed dislocation

(64)

densities in the region of second phase particles .

(68)

Doherty and Martin accounted for the increased
incidence of recrystallised grains on the basis that
cold work increases the lattice curvature adjacent to the

(71) that the

dispersed phase. However, it was found
misorientation between subgrains increased around

carbide particles, average misorientations of 14° in the

region of particles compared with 8° in the matrix



material. From the theory of Cahn(45) that subgrains

grow until high angle boundaries are formed, regions
adjacent to particles will have a higher lattice
curvature than the matrix, with a resulting increase

in the stored energy and therefore nucleation will be
easier.

It was suggested(7o) that increases in the nucleation
rate may be due in part to increases in the dislocation
density at the ferrite/carbide interface. They postulated
that interfaces are always sites for nucleation as the
particle occupies part of the interface between grain
and matrix. Thus, the surface energy barrier for
nucleation is reduced. In addition, increases in
dislocation density increase the driving force for
recrystallisation. From the theory of Cahn(fs) for the
second phase particle to act as a nucleus it must be
greater than the critical nucleus size defined by
Volmer. Therefore, with increasing deformation, the
critical nucleus size may decrease slightly so that
smaller particles may be effective nuclei. The approach
of Gladman assumed that the particle occupied part of
the grain boundary. If a particle occupies

part of the grain boundary interface, the energy
associated with a grain boundary will be reduced. This
means that the critical nucleus size for the migration
of a high angle boundary will be reduced thereby giving
easier nucleation. The particle size in the work of
Doherty and Martin(68) and Mould and Cotterill(69) were

less than l}lm and thought to be smaller than the critical



nucleus size. This may explain why nucleation was

not observed at the particle/matrix interface.

Nucleation within the Grain

In single phase metals, nucleation was observed at two

distinctly different intragranular sites :

i. In regions of relatively uniform misorientations;
ii. In regions of high misorientations, e.q.

deformation or transition bands.

In type (i) sites, subgrains grow by a mechanism
previously outlined in the section on sub-boundary
migration. This type of mechanisﬁ was observed only
.at moderately high deformations, since at lower deform-
ations there is insufficient misorientation between
adjacent subgrains to allow a high angle boundary to be

created(72).

Nucleation in type (ii) sites was observed to be
operative in single crystals of silicon iron(33)(34).
Nucleation takes place at the deformation band/matrix
interface in the region of the greatestmisorientation.
Misorientations as high as 52° were observed between

(34). As deformation bands

deformation band and matrix
are regions of high misorientations, high angle boundaries
are easily created, and hence they are regions where

early nucleation takes place. Nucleation at deformation

bands will be reviewed in greater detail later in the

section on textures.
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3.3.2 Particle Retarded Recrystallisation

Two types of particle retarded recrystallisation have been observed :

i. Retarded recrystallisation by a very fine dispersion of particles

which were present before cold working;

ii. Retarded recrystallisation as a result of the precipitation of

particles on subgrain boundaries or dislocations during annealing.

(73) (70) (74)

In steels, titanium carbide , niobium carbide and vanadium

(70)

were observed to belong to the former category, while aluminium

(31) (75) and copper(64)(76) represent the latter.

carbide
nitride
In aluminium alloys, Doherty and Martin(68) found a critical interparticle
spacing below which nucleation was difficult. This was correlated with

the impingement of subgrain boundaries with surrounding particles before
nucleation occurred. This indicated that the critical interparticle
spacing was dependent on the degree of cold reduction which, in fact, proved

(70)

to be the case. Gladman et al found similar results for steels

containing fine dispersions of niobium carbide and vanadium carbide, which

(64)

inhibited sub-boundary movement and retarded recrystallisation. Leslie

(35)

and Goodenow found that the precipitation of copper and aluminium nitride
decreased recrystallisation rates. However, there was one obvious
difference between recrystallisation in the presence of a fine dispersion

of second phase particles and recrystallisation with concurrent precipitation.
For the latter to be effective, precipitation must take place before
recrystallisation starts, i.e. during the recovery process. Once

precipitation has taken place, the mechanisms involved in particle retarded

recrystallisation were essentially the same. Since precipitation and
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recrystallisation processes exert a mutual influence on each other, a brief

survey of precipitation will be given :

ii.

Precipitation from Solid Solution

The incubation time, tp, required for precipitation from solid
solution obeys the following equation :
(@, +9))
D b
tp = —mM8 —— - —_— (14
1n tp =T in A (14)
where QD is the activation energy for diffusion ., QP is the
activation energy for nucleating the precipitating phase, R is

the gas constant, T is in degrees Kelvin, and A is a constant.

Q
D .
The value of RT increases with decreasing temperature as Qp 1is
Q
approximately constant, while the value of ﬁﬁ-decreases with

decreasing temperature as QP is infinite at the equilibrium

temperature, T The incubation time, tp, will therefore

B
decrease with decreasing temperature, in a manner shown schematic-
ally in Figure 8. At lower temperatures, the incubation period
increases because of diffusion control. -Because the critical
nucleus size for precipitation decreases with decreasing
temperature, the particle size will also decrease, with resulting
increase in the number of particles at a conétant volume fraction.
Also because of the decreasing solubility of solute atoms with

decreasing temperature, the volume fraction of second phase

particles further increases.

Effect of Cold Work on Precipitation

The effect of prior cold work with few exceptions, increases



JAiid.

the rate of precipitation from supersaturated solid solution.

This is presumably because of dislocations and subgrain boundaries
acting as low energy sites for nucleation. In supersaturated
solid solutions, precipitate particles nucleate from 'solute
atmospheres' which are associated with dislocations. Increasing
the degree of reduction decreases the incubation period reguired
for precipitation from supersaturated solid solution because

of an increased dislocation density. However, not only does
prior cold wﬁrk decrease the incubation period for nucleation, it
has also been reported to suppress the formation of metastable

(77)

precipitates This is because little or no barrier to

nucleation of precipitates exists at dislocation, therefore the
78

formation of a metastable product is less favourable. Wilson( )

found that during the tempering of a deformed medium carbon steel,

the first discrete particles to precipitate were Fe3C and not Ei

carbide.

Particle Coarsening

Since particle coarsening is a pre-requisite for nucleation of

recrystallised grains, in the presence of a fine dispersion of

second phase particles, it will be briefly discussed. Particle

coarsening was the subject of theoretical work by Lifshiftzand
(79) (80)

Sloyov and by Wagner . The two papers were fundamentally

equivalent and analysed two different coarsening situations

distinguished by the rate controlling process.

Both models assumed particle growth under conditions of Ostwald
ripening (i.e. the growth of large particles at the expense of

small particles for a given volume fraction of particles).



Thus, the driving force for growth was the decrease in the surface

free energy/unit volume as a result of particle growth.. Lifshiftz

(79)

and Sloyov assumed interface control where the rate determining

process was the transfer of atoms across the particle/matrix
. (80) . .
interface. The Wagner ‘model assumed diffusion control where
the rate of coarsening was limited by the rate of diffusion on
the constituent atoms through the matrix. The Wagner equation
can be expiessed as follows
80 DCoV ¢t

o) m

r ) - ()7 = - 3
O9RT

where ?£ is the average particle radius at a time, t, r, is the
average particle radius at the onset of particle coarsening, D is
the diffusivity of the particle species in the matrix, Co is the
concentration of the particle species in the matrix, O’p is the
surface energy between particle and matrix, R is the gas constant,

T is in Kelvin. As the expression assumed that particle coarsening
was dependent on the rate of diffusion of the substitutional»eleﬁent
to the particle, therefore in the case of a multi-component system,
particle coarsening will be controlled by the rate of diffusion of

the slowest diffusing species.

The implication from this equation (15) is that compositional
changes that reduce Co, will reduce the rate of particle coarsening
by reducing the concentration gradient adjacent to the particle.

(81). Aluminium contents in steels

This was found to be the case
in excess of those stoichiometrically required to form aluminium
nitride were found to increase the rate of particle coarsening.

However, titanium contents less than those required to form titanium

nitride produced titanium nitride particles. in austenite which were
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(82)

extremely resistant to coarsening . This was thought to be
in part because of the extremely low concentration of titanium in
solution. However, coupled to this was the extremely low
solubility of TiN in austenite. This will also reduce the
particle coarsening rate, as dissolution of fine particles is a

pre-requisite for growth of the coarser particles.

Effects of Precipitation on Recrystallisation

83)

Késter( discussed the precipitation-recrystallisation reaction

in terms of four temperature ranges (fig 9) :

Range 1 : above Tl, annealing in the single phase region normal

recrystallisation takes place.

Range 2 : Tl - T2, recrystallisation Was completed before precip-
itation starts therefore there is no effect on
recrystallisation. This was as a result of a long
incubation period for precipitation because of a low

degree of supersaturation.

Range 3 : T2 - T3, Discontinuous recrystallisation with simultaneous

precipitation.

Range 4 : below T3, continuous recrystallisation and precipitation.
The term 'discontinuous' referred to a normal recrystallisation
mechanism, i.e. a nucleation and growth process, while 'continuous
recrystallisation' referred to the growth of subgrains to form a

high angle boundary, without the migration of the boundary.



The processes of 'continuous recrystallisation' and 'discontinuous
recrystallisation'during the incubation period must be the same
since they involve subgrain growth. It was assumed(83) that

the criﬁical conditionférthe replacement of 'discontinuous' by
'continuous' recrystallisation can be satisfied when the retarding
force exceeds the driving force for boundary migration. However,
it was not clear how in the presence of pinning particles, subgrain
growth can take place while boundary migration cannot, since the

'driving force for boundary migration was greater than that for

subgrain growth.

Below T2 in Figure 9, precipitation and recrystallisation exert a
mutual influence on each other. In a deformed and supersaturated
alloy, the volume fraction of secondvphase partiéles present before
the start of recrystallisation at temperature T2 in Figure 9 was

zero, i.e. tP intersects tr' As the temperature decreases an
increasing number of precipitates are present before recrystallisation
starts because of a decreased incubation period for precipitation,

and a decreasing solid solubility; simultaneously the particle

gize also decreases.

If it is assumed that subgrain growth obeys the same laws as grain
(58)

growth + when particles are situated at subgrain boundaries a
minimal particle size is required for the unpinning of the subgrain
boundaries. The following relationship was obtained by Meyzaud

and Parniére(84):

ol

d . = - (16) -
crit 2(t-1) _



where dcrit is the uniform size of particles, D is the mean
subgrain diameter, f is the precipitated volume fraction, and
~.D
t = — the size factor in the subgrain size distribution. Thus
D

for a given subgrain size distribution, this critical particle

size was roughly proportional to the mean subgrain diameter.

Since fine particles, an increased volume fraction of second phase
particles and slow particle coarsening rates are favoured by low
temperatures, the start of recrystallisation will increase
dramatically with decréasing temperature. Goodenow(31) found
that the increased incubation period for the start of recrystal-
lisation coincided with an increased grain size which increased
with decreasing temperature. This was discussed in terms of a
decreasing nucleation rate with decreasing temperature. Because

of sequential unpinning of subgrain boundaries, the time available

for growth of the first nucleated grains, i.e. small values of 5;

- was increased resulting in an increased grain size. At lower

temperatures, the rate of particle coarsening decreases and the
volume fraction of particles increases. Therefore the time
available for growth of the first nucleated grains will increase
still further, resulting in a further decrease in the nucleation

rate and an even coarser grain size.

Effects of a Fine Dispersion of Second Phase Particles on
Recrystallisation

The mechanisms involved are similar to those for grain growth in
the presence of second phase particles, which will be discussed

in the section on grain growth.



Boundary Migration -

General Boundary Migration

Once a subgrain attains a high angle grain boundary, the grain can
grow by boundary migration provided that there is sufficient
driving force. Higﬁ angle grain boundaries are those with
misorienﬁation of greater than 10O - 15° with respect to the
adjacent cold worked or recovered matrix. The rate of boundary

migration obeys the following equation(ss)(BG);

VvV = M, P (17)

where V is the rate of boundary migration, MG is the intrinsic
migration rate and P is the driving force. The value of P
increases with increasing cold reduction and decreases as a result
of prior recovery. Values for MG depend on the solute content,

temperature -and the presence of second phase particles. For very

pure metals, M, obeys the following relationship :

G

w - &
G KT —— (18)
where
KT
D = :
G D, e —_— (19)

where DG is the grain boundary diffusion rate, K is Boltzmann's
constant, T is in Kelvin, DO is the diffusion coefficient, and
QGB is the activation energy for grain boundary diffusion. In
fact, for very pure metals, many workers found the activation

energy, Q, for recrystallisation approximates that for grain



ii.

boundary diffusion, QGB'

Early work by Vandameer and Gordon(87) showed that the growth rate

was linear with time, and that the value of P was apparently
constant with time. However, more recent work(48)(49)(86) showed
this to be incorrect, the growth rate decreasing with time. This
was attributed to concurrent recovery occurring in the matrix

regions in front of the migrating grain boundary, thus lowering

the driving force, P, for boundary migration.

Effects of Impurities on Grain Boundary Migration

Small additions of impurities have an extremely strong influence

on the recrystallisation of metals. The effect was found to be
the greatest with the first very small quantities of alloying
element added. Additional quantities showed comparatively little
effect. The reasons for this are still not clear, apart from

the fact that solute atoms interact with dislocations and grain
boundaries and reduce their mobility.

Theories for retarded growth were advanced by Liicke and Detert(gs),

(86)' Cahn(88) (89) (90)

Gordon and Vandameer and Liicke and Stlwe
These theories assumed that in solid solutions, elastic interaction
exists between solute atoms and grain boundaries.

Lucke and Detert(85)

were the first to attempt to formulate a
quantitative theory for boundary migration in solid solutions.
It was assumed that segregation of impurities would occur to a

grain boundary and when the boundary moved the 'atmosphere' was

carried along with the boundary. The concentration at the grain



boundary was assumed to obey the Boltzmann distribution function,

i.e. equation (4), which was valid only at low concentrations.

The rate of boundary migration was reduced at any temperature

by the necessity for impurity atoms to diffuse along with the

moving boundary. ~ The theory predicted the following modes of

boundary migration :

If the external force exceeded the maximum interaction
force, the boundary was accelerated and broke away from
the solute atmosphere and migrated at a rate determined

by equation (17).

At low temperatu;es, an%/or relatively high solute
contents, the rate of migration, MG, was controlled by
the rate at which solute atoms diffuse with the boundary.
In this case, the rate of boundary migration can be

expressed by the following equation :

) Qp*V
a D P (-

o KT
. . e

2 {3' KT Co

)

VoS (20)
where a 1is the lattice parameter, DO is the bulk
diffusion coefficient of the solute, Co is the atomic
fraction of the solute, QD is the activation energy for
bulk diffusion of the solute, and V is the interaction
energy between the solute and grain boundary. Since

the rate of boundary migration was assumed to be controlled
by the diffusion of impurity atoms, the activation enerqgy
for boundary migration should approximate to that for
volume diffusion. In fact higher activation energies

were obtained than those predicted from the theory. It



was predicted that impurities which diffuse rapidly in
the bulk matrix should have less influence in retarding
the motion of a grain boundary than impurity atoms which
diffuse more slowly. This prediction was not supported

by experimental evidence(48)(49).

(86

Gordon and Vandameer advanced a modified form of the Lucke and

Detert(ss)

model of impurity controlled boundary motion. It
assumed that the observed activation energy should be significantly
less than that for bulk lattice diffusion of the impurity, since it
represents the diffusion of the solute in the region near to the
grain boundary and not in the undistorted lattice. Gordon and
Vandameer(86) were able to explain experimental studies on zone
refined aluminium with additions of up to 0.025% Cu in terms of
this theory. However, the same contradiction which applied to
the Lucke and Detert model, concerning the observed greater
retarding effect of fast diffusing solutes, applied to their
treatment. The modification predicted lower activation energies

for boundary migration which in fact was the opposite of the

experimental evidence.

(88) (89)

Cahn , Lucke and Stuwe developed a more rigorous treatment

of the effects of impurity drag on grain boundary motion. Since
these theories were quite similar, only that of Cahn(88) will be
considered. The boundary was considered to be a planar dis-
continuity, charactersied by a diffusion coefficient and an
interaction potential with solute atoms which unlike the previous
theories was either positive or negative. For a stationary

boundary, the distribution of solute atoms was assumed to be

symmetrical about the centre line of the boundary.



Cahn considered two cases :

a. A low velocity case, which results in the impurity drag

being proportional to the boundary velocity;

b. A high velocity case, which considered that the impurity

drag was inversely proportional to the boundary velocity.

When the boundary velocity was zero, the drag was zero because of

the symmetrical distribution of atoms at the stationary boundary.

As the boundary moves, the distribution of atoms becomes asymmetrical.
The‘number of asymmetrically disposed atoms increases with increasing
velocity and the number of asymmetrically disposed atoms determines
the drag exerted by the boundary, because the solute atoms are

trying to return to their symmetrical distributions. At high
velocities, the magnitude of the solute segregation is so reduced
that it becomes the dominant factor and the drag diminisﬁes with
increasing velocity. A greater drag was predicted therefore for
slowly diffusing species than for rapidly diffusihg species, at

low migration rates, whereas at high migration rates, rapidly
diffusing species produce a greater retarding effect. This may

(91) (92) (93) who found

explain the observations of Aust and Rutter
that rapidly diffusing solute elements retarded boundary migration

to a greater extent than solute elements that diffused more

(86)

1

slowly. Gordon and Vandameer were also able to interpret

experimental data for the recrystallisation of aluminium containing

0.025%Cu in terms of the theory of Cahn(88).

However, treatments discussed can only be related to dilute

solutions and cease to be appropriate at quite modest concentrations.



This is because Boltzmann's distribution is assumed which may
allow the boundary to become saturated at matrix concentration as

(90)

low as lo—5 at %. Licke and Stuwe extended their theory to

include more concentrated solutions. However, no experimental
. . (90)
work has been forthcoming to verify the work . Clearly

this is an important area where more theoretical and experimental

work is necessary.

iii. Effect of Second Phase Particles

Second phase particles have been shown to exert a retarding force

on a mobile high angle grain boundary. The magnitude of this
‘ (94)
force, Pr’ was assumed by Zener to be :
3 ftfb
Pr = — —— (21)
2x

where f is the volume fraction, Cﬂ)is the surface energy of the
grain boundary, and r is the radius of the particle. For

high degrees of deformation, large particles and/or low volume
fractions, the effect of particles can be neglected because the
driving force will be large when compared with the retarding force.
However, at low degrees of deformation or if the particle diameter
is small, i.e. of the order of O.%/am and the volume fraction, £,
is large, particles have a considerable effect in retarding the

migration of a high angle grain boundary.

3.4 GRAIN GROWTH

The term 'grain growth' refers to phenomena involving an increase in the

size of strain-free polycrystalline grains, following primary recrystallisation.



Two types of grain growth have been identified :

3.4.1 Normal Grain Growth

This is characterised by the maintenance of an equiaxed grain structure in
which the distribution of grain sizes and shapes retains a constant form,
i.e. this corresponds to changes that are indistinguishable from photographic

magnification.

3.4.2 Abnormal Grain Growth or Secondary Recrystallisation

Under conditions of abnormal grain growth, the grain size is not invariant,
as the grain size increases because of the development of a coarse irregular
grain structure. The driving force for grain growth whether normal or
abnormal is derived from the decrease in the grain boundary energy that

occurs during grain growth.

3.4.3 Grain Growth in Single Phase Metals

(95)

Burke formalised the concept of boundary curvature as the driving force

for grain growth in the relationship :
db K

at D — (2

where D is the grain diameter, t is the time, and K is a constant.

Equation (22) assumed that the rate of growth of grains was proportional to
the radius of curvature of the average grain at a given instant in time.
This assumption is valid only if grain boundaries behave in a similar
manner to a soap film. In the case of a soap film, boundaries move as a

result of gaseous diffusion caused by a pressure difference from one side



of the soap film to the other. The pressure difference is proportional

to the curvature of the boundary. However, little is known about the
mechanisms by which atoms on one side of a grain boundary cross the grain

boundary and join the grain on the other side.

Equation (22) is usually expressed in an integrated form as :

b -5 = Kkt _— (23

where Do is the initial grain size. For small initial grain sizes,

D >> Do and therefore the equation is f;equently expressed as :

D = K't% —_— (24)

where K' = JI(. At a superficial level, equation (24) has been confirmed
by experimental data, but in general the time exponent of t was less than
the ideal value of 0.5.

A more detailed treatment of grain growth was proposed by Hillert(6l) who
considered individual grains in an environment of a grain size distribution.

Hillert's(61)

equation was based on the generally accepted assumption that
the rate of migration of a boundary depends on the product of intrinsic

migration rate and driving force. The driving force was assumed to be

because of the size difference between a critical grain size, Rcr, and the

grain under consideration. The equation can be expressed as follows(61):
dr 1 1
Tae. T AMOlgg TR 3

where R is the radius of the grain under consideration, Rcr is the critical

radius, €N is a constant, M is the intrinsic migration rate, and c is



the grain boundary energy. Only grains larger than Rcr will grow, and

the value of Rcr is g— the value of the mean grain size. Growth rate
increases with increasing difference between Rcr and R because of an increasing
driving force, and at values of R = 2Rcr grains become unstable, resulting

in abnormal grain growth. However, although this theory has never been
rigorously checked experimentally, Smith and Dillamore(ss) were able to

'verify results involving the mig?ation of sub-boundaries in terms of the
theory.

An alternative approach to grain growth was consideredvby Gladman(62).

When a grain grows into and absorbs a neighbouring grain, two principal

opposing energy changes occur :

i. The energy of the system is increased by the expansion of the
interface of the growing grain;

ii. The energy of the system is decreased by the elimination of the
grain interfaces in the grainsinto which the growing grain grows.

Gladman(62

considered a cubo-octahedron having a radius R growing into
a matrix of regular grains of a similar shape, but having a mean radius R0

which may or may not be equal to R. If the ratio of the growing grain

to its neighbour is =z, an expression for energy may be written as :

2 3
(Z-3) — (26)

where RO is the mean radius, G is the surface energy, and En is the energy
change accompanying growth. This was the more likely case, as only large
grains can grow at the expense of small grains. In normal grain growth,

all grains which fulfil the condition where 2z»1.33 can grow. Many grains



can fulfil this condition and hence general grain growth will occur.

Equations (25) and (26) infer that there will be a general slowing of the

process as large grains impinge which increases the wvalues of Rcr and Ro.

3.4.4 Effect of Second Phase Particles on Grain Growth

The interaction that results from the associétion of a grain boundary with
a second phase particle arises from the reduction in total boundary area.
For spherical particles that are assumed to be immobile and unchanged by
their association with a grain boundary, the maximum retarding force, WrV,

results in cessation of growth when :

_4f
R = iz , —_— (27)

where r is the particle radius, and f is the volume fraction. Gladman

(96)

found that substitution of typical values for particle

(94)
size and volume fraction into Zener's equation indicated much larger grain

and Pickering

sizes than observed. This was thought to be because of an over-estimation
. - . 26
in the driving force for grain growth, as assumed value of T relates to

a contracting spherical surface with no attached surfaces.

. (61) .
Hillert developed a generalised treatment for the effect of second phase
particles. In the presence of second phase particles, equation (25)

becomes :

R _ ST
dt _GM(Rcr R"z) ) (28)

where 2z when multiplied by O is the netrestrainirgforce due to second

phase particles. The 2z term will always act against the movement of



boundaries, being positive for small grains and negative for large grains.

(61)

However Hillert did not consider the effect of precipitate distribution

in detail, i.e. the volume fraction, particle size, and number of particles

were not treated individually. A much better treatment was considered

(62) (62) y . . . . : .
by Gladman . Gladman considered a uniform distribution of particles
of radius r, and volume fraction f. If the energy released per particle

due to grain growth is El and the energy required to unpin a grain is

equal to Ep' then :

2
2sTWr°T 2 3
17T 3R z72 — (29
(o) .
and
E = 4r@s — (30)
b (
where s is the boundary displacement required for unpinning. If the

total energy change associated with the unpinning of a single particle is

ET' then :
E. = E + E — (31)

Grain growth can still continue while E_ is negative, i.e. El> EP.

T

However, as Ro increases during grain growth, the number of grains that

satisfy the requirements for growth will be reduced until eventually grain

1
(79) (80)

and Wagner that the average particle radius varied with

(61)

the cube root of time, it was suggested that the accompanying grain

growth ceases, i.e. E, = Ep' On the basis of the work of Lifshiftz.and

Sloyowv:

growth should exhibit a time exponent of %—. Recent analysis indicated

C (97)

at relationship for grain boundary particle coarsening .

At the cessation of grain growth, ET = 0 therefore Ep = —El. Using



equations (29) and (30), Gladman(62) derived the following equation for the

. . * . . ;
critical particle radius r for the growth of a grain of heterogenity ratio Z
in a matrix of grains of size Ro, with a volume fraction of second phase

particles £, such that :

‘ -1
= SR f 3_2 -
r* = T ( >~ 7 ) (32)

Because all grains are pinned initially, and as particle coarsening is a
continuous process, the largest grain will become unpinned first, i.e. the

grain with the highest value of Z.

The rate of growth of this grain will accelerate as Z increases, while Ro
remains unchanged as small grains remain pinned. Unpinning of another
grain boundary occurs when coalescence of particles has progressed to a more
advanced stage, thus allowing the unpinning of a second and slightly smaller
grain. Therefore unpinning favours the development of grains at the upper
end of the grain size distribution, so that abnormal rather than normal grain
growth was predicted. In fact this was found to be the case(96).
Grain growth in the grain-coarsening temperature range in grain refined

steels, occurred by a process of secondary recrystallisation rather than

normal grain growth.
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CHAPTER FOUR

4. TEXTURES

Preferred orientation is of practical significance in many applications.
The most notable are in:the formability of sheet metéls, and in magﬂetic
properties. In the former case the texture controls the working limits
of sheet drawability and the nature and extent of earing, while the quality

of both hard and soft magnetic materials depends on texture perfection.
There are two common methods of representing textures in sheet metals :

i. Normal or stereographic pole figures;

ii. Inverse pole figures.

These will be discussed later in the chapter describing the experimental

details.

4.1 ‘ DEFORMATION TEXTURES

Deformation textures will be reviewed only with reference to becc cold rolling

because all the work in this investigation was on bcc metals.

4.1.1 Rolling Textures in BCC Single Crystals

These have been studied in bcc single crystals to examine textural changes
in specific single crystal orientations, as a result of cold working. This
work was carried out with a view to applying the results to polycrystalline
metals. The most widely investigated unstable orientations were those

with the £110%» in the transverse direction. If the transverse direction



was taken to be [11qd] , orientations with sheet normals between {111}
and [;lq} rotate to (111) [ii2] orientations, e.g. the (110) Cooil

splits into the twin related orientations (111) C112] and (I11) p1123 3%,

Orientations with sheet normals between Epoi} and Clli} divide between

( 001) E1103 - and - (111) £112]. In a (100) EOOI} orientation, rotation
tended to be about the plane normal. Hu(34) found that after 70% reduction
a single crystal of (100) [O01J gave a texture spread about (100) [01l].
Early work indicated that <€111¥ <112> orientations were stable. However,

(98)

later work by Hu and Cline showed that single crystals of this orient-

ation rotated towards {€332% €113» after 70% reduction.

4.1.2 Rolling Textures in BCC Polycrystalline Metals

There appears to be controversy regarding the deformation textures found in

bcc metals after cold rolling. Dillamore and Roberts(gg)

reported that

the most common description of a becec rolling texture was a €£100¥ 011> ,
with some rotational spread about the rolling direction and a minor component
of $£1113} «<112> . A preferred orientation of ¢111¥ €112> with a minor
component of ¢€111% €110> was reported in a low carbon steel after 90%

(lOO)‘ Further reductions to 97.5% produced a $£100% <011>

reduction
texture with some {111} <112> . However, the majority of workers described
the main component for many becc metals as {100¥ €011® with a €112} <ilO>
component always present and the {1113 ¢uvw> component reported only in
certain cases. The most likely explanation for the discrepancies is the
starting texture of thevhot band material, as it can be seen from the single

crystal work that the initial crystal orientation influences the texture

developed.

Another discrepancy was found between results obtained from inverse and



stereographic pole figures. Many workers found that using the inverse
pole figure method, the €111} component was almost always greater than

the §{100% component. The {100} was only significant above 75%
reduction. However, using {£200% pole figures, the {100¥} € 011> component

(101) explained

was the major component in most cases. Hancock and Roberts
the discrepancy in terms of the multiplicity of the various texture components.
For a €200 pole figure, two components satisfy ¢€l113 éll2> and two
components satisfy the {111% <110> while the <€100% <011> is a single
component. Thus, for a hypothetical texture consisting of equal proportions
of {111} and {100} , the intensities due to each {111¥ component on

a {200} pole figurée would be about a quarter of that of the {1lo0%

component.

4.1.3 ‘Theories of Texture Develobment

Early theories of texture development assumed a simple biaxial stress

(102) (103)

system i.e. combined tension and compression. However, these

theories were unable to explain the deformation textures observed in bcc

metals.
. - . (104)
Later theories were based on the plasticity theories of Sachs and
(105) . . o . .
Taylor . During rolling certain simple zones of orientations rotate

(106) (107)

so as to remain within the zone Rotation rates for cubic

metals were calculated using the homogeneous plasticity theory as

(105)

defined by Taylor Rolling was assumed to be a plane strain mode

of deformation and that bcc metals deform by pencil glide on a {1103 <111>
. d

slip system. Results for the calculation of rotation rates, i.e.-agL '

the rate of rotation per unit rolling strain, as a function of the principal

zone axes, having their axes parallel to either plane normal, rolling

directions or transverse direction are given in Figure 1lO.. Stable
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metastable orientations were considered those for which the slope was

orientations were considered to be those for which was negative and
positive. Only the {112} <110> was considered to be stable since this
orientation was self-restoring after any displacement. This opposed the
4 .
single crystal work of Hu(3 ) who showed that the ¢€O001§ < 110> orientation

was quite stable. The present analysis indicated that the <{001% <110>

rotated towards the €1123 <110> about the rolling direction.

After 70% reduction, the theory suggested that the deformation texture
should lie between <100 and {2113 , but experimental data showed that
the centre of the orientation distribution was displaced towards <€1113<110> .

107 -~ .
Bunge( 07) discussed this in terms of a deviation from ideal plane strain

o7 that a strain

conditions during rolling. However, it was shown

state approaching axisymmetrical compression was required to stabilise the
{111} <uvw> orientations, which was impossible for rolling. Only slight

deviations were required to stabilise the <&£001} <110> orientation which

may account for the stability found in single crystals. Dillamore and

Katoh(107) accounted for this in terms of a deviation from plasticity

theory, which assumed that each grain must undergo the same shape change.

In polycrystalline aggregates, the relative orientation of a grain with

respect to the stress axis differs from grain to grain; softer grains

because of their more favourable orientations deform at a lower stress than

the less favourably oriented harder grains. For the metal to deform as

a whole, at a lower stress level than predicted from homogeneous plasticity

theory, the harder grains may deform in a different strain state at a lower

stress level than required for homogeneous strain. It was proposed that

the {111F <112> and {111¥ <110> adjusted their strain state to correspond

to €11 11 8% <4411> and {112} <110> respectively which stabilises

the {111} sheet normals. At higher deformations the ability to accommodate

shear strain may diminish leading to a reduction in the intensity of the



€111} component and an increase in the more stable components, i.e.

{001} <110> and {112} <1l10> .

4.2 RECRYSTALLISATION TEXTURES

The development of recrystallisation textures depends on factors such as
degree of cold work, the presence of second phase particles, annealing
temperature and the influence of grain growth following recrystallisation.

109 '
It was found( 09) that the major recrystallisation texture component after

EL)

50% reduction was {110} <00l> . H found that after moderate cold

reductions, €110} <001> recrystallised components were present in a

(109) that after 63%

deformed matrix of {111} <112> . It was found
reduction the {1103% <001> was accompanied by €111F <110> , which after
73% reduction was the major component. At higher reductions, i.e. 80% -
90% reduction, the {111} <110> was replaced by §£5543< 225> ’ which is 5°

from £lll}j<ll2> . The strong {100} 011» component in the deformation

texture almost always decreased in intensity after recrystallisation.

The presence of fine second phase particles, either precipitated before
deformation or during recovery, influenced the recrystallisation texture.
Fine precipitate particles increased the intensity of the €111} components
i.e. either {1113 <112> or €1113 <110>, at the expense of {100} <O0ll> .

(110)

Hutchinson showed that AIN precipitation prior to recrystallisation

decreased the intensity of the (€110} <00l>.

Grain growth following recrystallisation tended to increase the intensity

of the major texture components as does secondary recrystallisation(lll)(112).

The theoretical basis of these phenomena will be discussed later.



Two theories have been proposed to explain recrystallisation texture

development :

i. Oriented nucleation;
ii. Oriented growth.
4.2.1 Oriented Nucleation

This assumed that a recrystallisation nucleus orientation must be present
in the deformed matrix or be evolved during the recovery process that precedes

. . . . . (113)
recrystallisation in most cases. In single phase metals it was suggested

that components of recrystallisation textures can be accounted for in terms

of three types of nucleation mechanism. :

i. In situ nucleation, by subgrain growth in regions of relatively

uniform lattice curvature in the interior of grains;

ii. Nucleation at pre-existing grain boundaries;
iii. Nucleation at deformation bands.
(113)

It was concluded that where in situ or grain boundary nucleation
predominated, recrystallisation textures were well represented by the

deformation textures. In the case of deformation band nucleation, textures

quite different from the deformation textures may develop.

i. . Ih Situ Nucleation in Grain Interiors

Nucleation within grains is observed only after moderately high
deformations since at low deformations, the lattice curvature,
i.e. misorientation between adjacent subgrains, is insufficient

to allow a high angle boundary to be created. The effect of



subgrain orientation on the size and misorientation of subgrains

(32

was investigated in the cold worked condition after 70% reduction
It was found that as the orientation of subgrains changed from
(001) C1101 through to (110)LI103 , the subgrain size decreased

and the misorientation between adjacent subgrains increased.

Because dislocations were distributed mainly in the subgrain
boundaries after heavy deformations, the dislocation density, P '
could be related approximately to the subgrain size and misorient-

ation by the following relationship

,. & B

b d
s

where 9 is the misorientation between adjacent subgrains, ds is
the subgrain diameter, and b is the Burgers vector. If the
stored energy is considered as A F, then the stored eneigy can

be evaluated in terms of orientation :

(34)

where d_ is the subgrain diameter, K is a constant, and s
is the grain boundary energy, and is a function of the dislocation

density.

The reason behind the orientation sensitivity of the dislocation
density is crystallographic in origin. It was pointed out that
increases’in the stored energy corresponded to increasing Taylor

(32)

'M values' where M obeys the following relationship :

w = S —_— (35)
E

)

.



where ¥ and € are the shear strain and tensile strain respect-
ively. Therefore at any value of tensile strain, increasing
the M value leads to an increase in the dislocation density.

(114)

Later work showed that not only did the stored energy increase
with increasing strain, but the orientation dependence of stored

energy increased with increasing strain.

From the basic assumption that the formation of a Qiable nucleus
depends on the driving force available for subgrain growth,
nucleation rate should therefore be orientation sensitive and
during annealing the {1103 <110» orientation should be nucleated
first and therefore have the longest time for Qrowth. Smith and

(58)

Dillamore found subgrain growth to be orientation sensitive

during annealing and growth in the {110} <110> and €111} <11l0>
orientations was much faster than in the {1133 <110> and

{001} < 110> orientations. It was also observed that £110}<110>
and €111} <110> had a much greater grain size distribution in

the cold worked condition(58). From the work of Hillert(6l)a

(62)

nd
Gladman subgrain size distribution may be at least as important

as differences in sub-boundary misorientation.

Orientation determination of recrystallised grains during the
early stages of recrystallisation confirmed a predominance of {1113

(115) while the last grains to

grainsparallel to the sheet surface

recrystallise had {100} planes parallel to the sheet surface.

However, the low intensity of the {110¥<110> component in cold

worked materials as it is only produced by a weak rotation about

<110, meant that it was unlikely to become a strong component.
(32)

In the discussion of annealing textures , the major annealing

texture centred on €111} <112> was completely ignored.



ii.

~grain with the highest stored energy

However, since this component has a similar'M value'to the

{1113 <110% component, it should have a similar dependence of
nucleation rate on orientation, and can be discussed in a similar

manner.

" 'Nucleation at Grain Boundaries:

Grain boundaries have long been recognized as prominent sites for
the nucleation of recrystallised grains. At least two possible
mechanisms exist. Grain boundaries may either bow into the
(64)(65)(66% i.e. SIBM, or

a nucleus may develop from a subgrain by subgrain growth at or
near to pre-existing grain boundaries. Both mechanisms favour
the formation of recrystallised grains with sheet plane
orientations in the range {100% - §411%. From the theoretical
work of Bailey(65), for nucleation to take place at a high angle
boundary by SIBM, it is necessary to have a steep energy gradient.

(32), this should be most easily

From oriented nucleation theory
accommodated when a €100} grain lies adjacent to a {111§ grain,
and favours the formation of a {100} texture. However, although
the formation of {1003 <110> recrystallised components were
(32)(116)
n

discussed in terms of SIBM no microstructural evidence was

produced to substantiate this in ferritic steels.

Nucleation at the grain boundary by subgrain growth can also lead

to the preferential nucleation of {1008 sheet plane and orient-

(72)

ations. Hutchinson discussed unpublished work by Morris

2
on the cold work structure at grain boundaries. Morris(7 )

found two distinct types of behaviour at grain boundary regions.

In some cases there was no apparent change at the grain boundary



iii.

while in others bands of fine cells were found in the grains near
to the grain boundary. The latter type was found to occur
between grains of widely differing 'M value', e.g. between {lll}
and {lo0j. The dense substructure was found in the grains of
low 'M value', presumably because of local work hardening in the
softer grain in order to maintain stress continuity across the
grain boundary during deformation. This should give rise to
recrystallised orientations in the range {lOd} - {4113, and

(117)

indeed Dunn found that one third of grain boundary nucleated

grains were within 25° of €100%.

Nucleation at Deformation  Bands

A theory for nucleation at deformation bands was discussed in

detail by Dillamore et al(ll4).

Figure lla illustrates a diagram
of a deformation band. The vertical sub-boundaries (energy U})
are parallel to the deformation band and would be expected to have
a large misorientation. The horizontal bounrdaries such as ha
and bc are of energy'd}, and have smaller misofientations.

Figure 1llb illustrates the structure of Figure lla after annealing

where the triple point angles have relaxed to an equilibrium

configuration, with an angle(# such that :

(36)

V3
C°s¢: o
t
A critical condition that would allow continued growth of the
large subgrain, ahgfdb , would be if b and c¢ came into

contact before an equilibrium angle, ¢ , was achieved. This

could be achieved if :



2
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D 2la +a] -5 - 1|* (37)
¥ 3 r tosz
r

i.e. if the particular subgrain length Dr was sufficiently
long compared with the average transition band dr' Figure 12
illustrates Equation 37 in terms of Dr/ét, where Ot was the
misorientation across a transition boundary. It can be seen

that narrow subgrains, i.e. small dt and small misorientations

provide the most favourable conditions for growth.

The curvature of a deformation band was shown to be a function

of dt and U£ (fig. 12) both of which increased with increasing
deformation. Experimental work showed(llg) that dt reached a
limiting value at high strains. Above this limiting strain,
increases in misorientation can be achieved only by increases

in et' From Figure 12, the size advantage required by a
potential nucleus increased with increasing'et for a constant
value of dt' Therefore at high strains, deformation bands

may cease to be favourable sites for nucleation. This fact has
sound practical basis as it was found(llg) that the effectiveness
of deformation bands as nucleation sites varied with deformation
in heavily compressed iron-carbon alloys.

It was considered(ll4) that with the exception of the {llZ}< 110>
component all orientations in bcc metals were metastable and
therefore potentially deformation banding. However, whether the
bands acted as nucleation sites depended upon the structure
gradient away from the band. Favourable structures were those
which had an increasing dislocation density away from the band,

i.e. the metastable orientation from which the band formed should

have a lower 'M value' than the stable orientation.



Transition band nucleation was predicted to be particularly
favourable for the {1103 <00l1>, favourable for the {100¥ <Oll>
and less favourable for the {11, 11, 8y <4411>. fu Y
observed nucleation of {1103< 001> components at deformation
bands. Deformation band nucleation may account for the strong
{1103 < 001>  texture found in some steels after 50% reduction(log).
This mode of nucleation is thoughﬁ to predominate, since after

50% reduction, there is insufficient general lattice curvature
generated to allow nucleation by subgrain growth on a large scale.
One important prediction from the work of Dillamore et al(ll4)

was that different deformation band orientations may be important
nucleation sites after differing degrees of deformation. The
{110} <001> texture would be important at moderate strains, since

at high strains nucleation would be unfavourable because of sharp

lattice curvature, resulting in large values of Dr for nucleation.

In polycrystalline metals, {110¥< 001> nucleation occurred most
readily on recrystallisation in coarse grained materials after

50 - 60% cold reduction. A coarse grain size favours the
formation of deformation bands, since it will be easier to develop
the initial curvature required for rotation in larger volumes

of metal. Another reason‘for a predominant {110% < 001> texture,
not considered,was that in an initially coarse grained metal,
fewer sites will exist for the nucleationvof {100} < 011>grain

boundary nucleated components.

The €100% <011> and {11, 11, 8¥<4411> orientations may be
viable sites for nucleation at higher strains. The latter

component was commonly observed after recrystallisation and may



4.2.2

arise from nucleation at deformation bands. However, nucleation
of this component can also be discussed in terms of an in situ
mechanism. Nucleation of {100} <0ll>component can also be
discussed in terms of a grain boundary mechanism, so that the
importance of deformation band nucleation in relation to these

components was not clear.

Other orientations may be favourable sites for nucleation, i.e.
those for which 'M values' were high on one side and low on the

other side of the metastable orientation, e.g. 4411y <11, 11, 8>.

This may account for the increased f411} component in compressed
. e (119) . : :
iron-carbon alloys after recrystallisation ., Since in axi-
symmetrical compression, rotation away from a (411} orientation
is essentially the same as rotation from a {44113 <11, 11, 8>

under conditions of plane strain, i.e. a rotation about a [110]

parallel to the transverse direction.

Oriented Growth

The theory of oriented growth is based on the relative migration rates of

recrystallised grains as a function of the misorientation between the new

grains and the matrix. It assumes that nuclei are so plentiful in a

heavily deformed matrix that all orientations are present. Therefore

nuclei which were favourably oriented with respect to the deformed matrix

will grow more quickly and hence make a larger overall proportion of the

recrystallisation texture.

In terms of Equation 17, oriented growth assumed that orientation selection

was simply dependent on V as a function of the relative orientation of the



growing grain and the matrix. A F was assumed to be constant and

independent of orientation and that the rate of growth is proportional

(32)

to M. It was shown however that A F was not constant but was
dependent on orientation.

‘s . , (120)
Initial results. were confined to fcc metals; Liebmann et al found

that in aluminium, the maximum migration rate corresponded to a rotation

(121) showed

of approximately 40° around the <111> axis. Ibé ana Lucke
that for bcc metals, the maximum value of M occurred when the growing

grain and the crystal being consumed were related by a 27° rotation around
a common <110>.

Hu(34) found that deformed single crystals of {1103<1DOl> orientation
formed a twin related {;11} <112» orientation. After recrystallisation
the main texture component was a €1103 <00l> corresponding to a 35°
rotation about a common <110> . This corresponded approximately to

the maximum boundary mobility with respect to both rolling textures and

was discussed in terms of oriented growth.

(122)

Dillamore extended the ideas on oriented growth to consider the
conditions for the growth of nuclei over the full growth range, for bcc

metals. It was considered that the main principle governing the

formation of recrystallisation textures was that :

i. The most likely nucleation sites were considered to be at grain
boundaries and that the growing grain must be capable of rapid
growth into two orientations, i.e. either side of the grain
boundary. This was certainly over-simplified, as intragranular
sites are equally favourable, particularly after heavy cold

reductions.



ii. The ability for extended growth through the spread of orientations
will enhance the'probability of a nucleus forming part of the

recrystallisation texture.

iii. Further enhancement will be obtained if in addition to being able
to grow into its parent orientation, a nucleus can grow into

other components of the deformation texture.
The ability for growth of é nucleus was determined by two parameters :
a. The angle®{ , which was the angle indicating the accuracy of

location of {110} poles of the nucleus and matrix. It was

defined as not greater than 5°,

b. The angle ﬁ which was the angular rotation of the near common
pole. This was considered to be between»20o and 60°.
For material having a {112¥ <110> - {001} €<110> textural spread,

recrystallisation commenced as competition between orientations €1113<110>
and {5543<225> (i.e.within5® of {111} <112>). Initially the

{1113 €110> texture was said to have an advantage because of its greater
probability for nucleation and its capacity. for growth into its parent
orientations. The {554}~<225>' was able to grow into a greater part of
the deformation texture, since it was more favourably oriented for growth
into the {112} <110>» and {100%<O0ll> components of the deformation

texture.

4.2.3 Relative Merits of Oriented Nucleation and Oriented Growth

Most of the textural components observed after recrystallisation can be



predicted from both theories of oriented nucleation and oriented growth.
However, the strong (00l1) [C110] recrystallisation texture sometimes

observed cannot be predicted from oriented growth. Both oriented nucleation
and oriented growth are able to predict recrystallisation components arising
from (110) L0013} orientationé. However, oriented growth cannot explain
why this component becomes less favourable after moderately high deformations,
i.e. 70% reduction, while still maintaining a 35° rotation about <1105 .
Oriented nucleation was able to explain this in terms of deformation bands
becoming unfavﬁurable sites for nucleation when compared with in situ sites

at high reductions.

It is thought that orientation selection on the basis of nucleation is the
more likely event, since it has been proved almost conclusively that the
nucleation is orientation dependent. Because nucleation always precedes
growth this is more likely to be the process which determines the recrystal-
lisation texture produced. Oriented growth is thought to be important

only when two. components have the same nucleation frequency.

‘4,2.4 The Effects of Second Phase Particles

It has been shown previously that second phase particles influence
recrystallisation. As a rule, coarse particles accelerated recrystallisation
while fine dispersiohs of particles, or particles precipitated during

recovery, i.e. before nucleation, decreased the nucleation rate. ’

i. Large Particles

Gawne- and Higgins(7l) studied the effects of coarse cementite
particles on the formation of recrystallisation textures. They

found that particles acted as to reduce the stored energy



differences which exist after cold work. Similar misorientations

were found for {100} <0l1> oriented regions adjacent to particles
as for {111¥ <110> regions adjacent to particles. Recrystallised
grains were observed to nucleatein {;OO}'<011> regions by

particle stimuléted’hucleation and the resulting texture was a

weak rolling texture.

ii. .Finely Dispersed and Precipitated Particles

The influence of fine scale precipitation on texture formation

has been studied extensively in iron-based alloys(3l)(73)(74)(75)

(76)(84)(116). Depending on the system used, fine dispersions

of second phase particles present before cold working, or
precipitation in the deformed or recovered structure before
recrystallisation may produce similar effects. Niobium carbide(74)
and titanium carbide belong to the former category, while aluminium

nitride(31)(75)(84)

and copper represent the latter. The
presence of second phase particles present before recrystallisation
has been shown to decrease the nucleation rate relative to the
growth rate, since it was usually accompanied by an increase in

(31)

the as-recrystallised grain size .

The textural changes that occur during recrystallisation can be discussed

in terms of the orientation dependence of nucleation. If the nucleation

of all components were retarded in equal proportions relative to their
orientation dependence, then the time available for growth of the first
formed grains would be increased. The recrystallisation texture will

be strongly selected to the most favoured nuclei, on the basis of orientation
dependence of nucleation. In steels, precipitates such as AIN, NbC, TiC

and Cu tended to strengthen the {111} component at the expense of the



{1003 component.

As nucleation in the. presence of second phase particles is analogous to
secondary recrystallisation, unpinning following particle coa?sening will
always take place first in a subgrain with the {lll} plane parallel to
the sheet surface, rather than with ¢§100§ subgrains parallel to the sheet
surface. This was because of a higher sub-boundary energy(32) and greater
size distribution of {111} oriented subgrains, compared with {1003
oriented subgrains(ss) . An equation, Equation 16, relating subgrain

size to particle size required for the unpinning of subgrain boundaries

has been derived(84) for ALN precipitates in mild steel. ., Figure 140
shows the minimal particle size for the unpinning of subgrain boundafies
increases as the orientation of subgrains goes from {llis through to
{IOQS for a constant volume fraction of particles.

(110)

Hutchinson also found that A1IN precipitation suppressed the {1ld}<OOl>
component, indicating that nucleation at transition bands is especially

susceptible to interference by fine particles.

4.2.5 Texture Development during Grain Growth and Secondary Recrystal-
S lisation R S T

At the end of primary recrystallisation’associated with the main components
of the recrystallisation texture may be a rather diffuse spread of

orientations.

During grain growth, the main textural components strengthened at the
expense of the diffuse spread and there was usually a redistribution of
density between components. In steels {1103<001> and {111§ <uvw>
components were enhanced during grain growth when they were the respective

(109)

" major components .



An explanation of this behaviour can be found in the mechanisms of grain

growth and in the structure produced during primary recrystallisation.

During grain growth, large grains grow at the expense of small grains.
(109) . . . . . .

It was found that the grain size distribution of the main component

tends to be biased towards the larger sizes than the average distribution.

According to the theories of grain growth(61)(62)

» these grains will grow
at the expense of smaller grains during grain growth and their texture will
be correspondingly strengthened. It is not difficult to see why this is
the case.  The main textural component will be grains that have nucleated
first and hence have the longest time for growth into the cold worked or
recovered matrix and they will be the largest grains.

(111) (112)

In the presence of second phase particles, it was found that the

major recrystallisation texture component, i.e. {1113 <uvw> , increased

(62)

dramatically during secondary recrystallisation. Gladman showed

that increasing the volume fraction of second phase particles limits the
range of growing grains to a smaller fraction of those of the largest sizes.
The influence of second phase particles causes a change from normal grain
growth to secondary recrystallisation. Therefore, when there is an
orientation bias in the grain size distribution, the range of growing grains
is restricted even more closely to the favoured component during secondary

recrystallisation than during normal grain growth, hence the dramatic

increase in the {1113 component during secondary recrystallisation.



CHAPTER FIVE

5. FACTORS AFFECTING FORMABILITY

Sheet forming operations which are extensively used in manufacturing
processes are generally considered as a combination of drawing and stretching
operations. It has often been held that suitability for such processes,
which demand: high ductility, can be assessed only by type, or simulated

type testing. Such tests are difficult to perform and are frequently

too time-consuming for use with experimental alloys.

Recently, attempts have been made to correlate performance under specific
forming operations with the behaviour of metals in a simple test such as a
uniaxial tensile test. This approach has obvious advantages, the test

being widely accepted and rapidly carried out.

Relationships were found between certain parameters obtained from a tensile
test and performance in actual forming operations. For example, uniform

true strain prior to necking in a tensile test (EcL) was correlated with

(123) showed the value of Ew

(124)

the ability of a metal to be bent. Butler
in stretch forming and bulging operations. Other workers related €u
to press formability. On the other hand, bendability was related to the

true strain at fracture.(123)

Atkinson and Maclean related deep drawability with ;'value.(l25)

5.1 PLASTIC ANISOTROPY AND CRYSTALLOGRAPHIC TEXTURES

A measure of the normal plastic anisotropy for sheet metals was defined by

(126)

Lankford et al in terms of the 'r wvalue' :



(38)

where Wo and ty is the initial width and thickness, and Wi and t] is the
final width and thickness respectively. The 'r value' was shown to be
dependent on the particular angle between the rolling direction of the sheet

and the axis of the tensile specimen.

The 'r value' is usually expressed in terms of an average .strain ratio r :

Yo + 2r45 + rgg

i}
]

(39)
4
where ro, rys and rgg are r values at 0°, 45° and 90° to the rolling
direction. The variation of 'r value', with different directions in the
sheet, is termed planar anisotropy. A measure of planar anisotropy is
Or , where Ar is expressed as :
r +r - 2r
4
Ar . _© 90 5 —  (40)
2
Thus, a completely isotropic metal has a strain ratio of unity in all
directions, i.e. r = 1, andAr = o. The two parameters, r and Ar have
been used as measures of plastic anisotropy of a sheet metal.
The origins of plastic anisotropy lie in the crystallographic texture
which depends on the cold working and annealing cycle. Many attempts have

been made to correlate the r value with the crystallographic texture in bcc

metals. Usually a close correlation was found between r value and the

(127)

intensity of {lll} planes. Whiteleyand Wise related the r value

to the density of {111%, {100¥, and {1103 planes parallel to the plane



of the sheet. High densities of {111} and €110¥ and low densities of {100}

(128)

appeared to correlate with high r values. Held ™ correlated r values

with the ratio of {111¥:{100} and found that the higher the ratio of {1113 :

1{1ody texture parameters, the higher the r value. Dillamore (129

(130) for

calculated r values based on a method by Hosford and Backofen
idealised textures containing varying proportions of (111l) and (100) planar

orientations together with different volume fractions of random orientations.
The calculated variation of r value, with the ratio of (111):(100)) is shown

(128). The

in Figure 13 and compared with the experimental data of Held
variation was much more rapid than observed experimentally. This was thought

to be because of the fact that in real metals, textures were not perfectly

sharp and cannot be adequately described by just two components.

However, pole density measurements give no description of the planar

. . . (131) .
anisotropy. Vieth and Whiteley analysed theoretically the shape
changes that take place in single crystals, because of crystallographic
orientation. The analysis considered both restricted slip and pencil
glide along <111» directions. The results are summarised in Figure 14
which illustrates the effect of strain ratio r as a function of the test
direction for four crystal orientations. Experiments with single crystals

confirmed these calculations which have also been confirmed by Fukuda(l32).

The results agree with those of polycrystalline bcc iron and confirmed the
favourable effect on r of a strong €111} texture and a weak {100} texture.
In certain directions, {110% and {;12) textures also show high r values.
Hence, certain textures may be even more favourable than the {ill} texture.
It can be seen from Figure 15, r values exceeding 2.5 may be possible, if
the right orientation can be developed. However,, the perennial problem
in relating polycrystalline deformation to single crystal properties is

that additional slip systems operate as a result of mutual constraints



between grains, resulting in different r values from those predicted, by

a single crystal approach.

An apparent anomaly also exists concerning the effect of the {1103

(133)

component on r value. Wright considered that the {110} component

was undesirable in the development of high r values, while Vieth and

(131) (127)

Whiteley , Whiteley and Wise , considered that it had the opposite

effect.

In the work of Hutchinson et al(log)

there was evidence to suggest that
average r values in excess of 1 may be obtained in steels containing
considerable amounts of the {1103<001> component. Therefore it would
appear that the {110}‘<001> component may not be undesirable for the

development of high r values, as was suggested by Wright(133).

However,
from the aspect of planar anisotropy it can be considered undesirable.
High r values at 0° and 90° to the rolling direction, combined with low

r values at 45° to the rolling direction lead to very high[}r values.

In fact, in the r90 direction, an r value as high as 3 was obtained in the

presence of some €110} <Ool>component(l36).

The {111y components do not give rise to high.[&r'values. This was

(109)

confirmed by Hutchinson et al who found that once the ¢1113 <110>

became the major recrystallisation component, the value of [kr decreased.

(131) who found

This was in agreement with the work of Vieth and Whiteley
high r values in all three directions for {1113 components. In fact, in
steels with strong {}113 <112> components, the maximum r values occurred

at OO, 60° and 120° to the rolling direction rather than 0/900. The

variation in r value, 8r was only slight.

The {1063 component was found not only to be undesirable in the development



of high ; values, it also produces a high degree of planar anisotropydr.

Unlike the {110% <o0Ol» component, the maximum r value occurred at r45,

and the minimum values at r, and r This was in agreement with the

90° _
. . . (131) ' o o
single crystal work of Vieth and Whiteley who found at O~ and 90 to

the rolling direction, r valuesof O was obtained, while at 45o to the rolling

direction, the r value was 1.

5.2 DEEP DRAWABILITY,¥, VALUE AND TEXTURE

In deep drawing, a flat disc can be formed into a cup shape by forcing it
through a die by means of a punch of a cross section similar, but slightly
smaller than that of the die. Deep drawability has been assessed by
drawing blanks of successively increasing initial diameter, and the limiting
blank diameter (LBD) has been defined as the blank diameter which has equal
probability of fracture or success in the drawing operation. To standardise
the drawability between different geometries, the LBD may be divided by

the punch diameter, giving the limiting draw ratio (LDR). Although metals
require sufficient ductility to be bent around the punch nose, the main
factor in limiting deep drawability is the ratio of the stress to deform

the metal ﬁnder the stress system in the flange region, to the stress at

the failure site. The stress states occurring in deep drawing are well
documented. Over the punch profile, the stress state was somewhere between
plane strain tension and balanced biaxial tension, while in the flange, the
stress state va;ied from a circumferential compressive stress at the
periphery of the flange, to approximately radial tension at the die-profile

radius. There was a net circumferential compressive stress. in the flange.

In plane stress, the yield locus for an isotropic metal was defined by

Von Mises as :

Ox? 4+ 0y2 Ox T = ¥ —— (41)



where U'x and Vy are the principal stresses in the x and y directions,

and Y is the uniaxial yield stress. The states of stress found in deep
drawing are indicated in Figure 16, on a plane stress yield locus for an

isotropic material, which illustrates that at yield, the radial stresses

in the flange are lower than at the punch nose.

Hill(l34)

proposed that the yield function for an anisotropic plastic metal,
under plane stress, should be a modification of the isotropic yield criterion

of Von Mises. By assuming that r is uniform in the plane of the sheet,

i.e. planar isotropy exists, Equation 41 becomes :

2 —
Ox - 2_r- O 6my + D-yz = %2 —_— (42)
l+r~r
where r is the average r value. The dependence of r for different plane

stress combinations is illustrated in Figure 17, and it can be seen that
textures favouring high r values, increase deep drawability since they lead

to an increased flow stress in the failure zone (biaxial tension), relative

to the drawing zone (tension - compression). However, the Hill(l34)

continuum model was shown to be a rather crude representation of crystallo-

graphic anisotropy. This is because its origins are not. crystallographic

in nature (i.e. derived from Von Mises). In fact, it was shown(l35) that

Hill's theory does not agree with the critical resolved shear stress law
which casts doubt on the application of such a theory to considerations of
anisotropy of a crystallographic origin.

However, despite the limitations of Hill's theory(134), good correlation
was obtained between the average r value and the critical blank diameter
(CBD), or limiting draw ratio (LDR), measured in a standardised cup-draw

(136) (137)

test for a range of ductile materials In fact, Wilson and

136
Butler( ) found that despite differences in work hardening rates between



aluminium and copper, the E?B- coefficients were not significantly different.
r .
This suggests that the ratio of stresses over the punch nose : the flange

was of prime importance and over-shadowed any effect as a result of variations

in the work hardening rate.

Another important but less reliable factor was shown to be the correlation
between the variation in r value, with direction in the sheet, (i.e. A,
and the severity of earing in deep drawn cups(l36). High values of Ax
were correlated with the incidence of severeearing. Ears are created by
the interaction of the circumferential hoop stress, that occurs in the flange
of a component being deep drawn, and the planar anisotropy in the sheet,
which causes certain directions to favour ears and others troughs. Thus,
in maintaining a constant volume, ears are thin and troughs are thick.

The troughs were related to the direction of low r value, while ears were
related to the direction of highest r value. Thus textural components
that favour maximum r values at 0° and 900 to the rolling direction produce
0/90O earing, i.e. (110§ <00l1>, while those that favour maximum r value at
45° to the rolling direction produce 45° earing, i.e. {001} <l10>.

The §111¥ <112> texture favours a maximum r value at 0° and 60° to the

rolling direction which produces 6 ears.

In practical drawing applications, high Ar values leading to severe earing
are avoided since ears must be removed after drawing. Therefore high r

values are beneficial only when they are accompanied by low Ar values.

5.3 RELATIVE MERITS OF R VALUES AND CUPPING TESTS IN ASSESSING
DEEP DRAWABILITY

The main advantage of the uniaxial tensile test over the cupping tests, even
though the latter are obviously more representative of the applied stress

systems, is that tensile tests are not affected by the incident process



variables, e.g. variation in lubrication. However, standardised cupping

138
tests using plastic lubrication, e.g. polythene, have now been developed( ).

Cupping tests therefore have been able to provide a swifter, more convenient
(and presumably more directly relevant) basis for the assessment of a

material's response to drawability.

5.4 EFFECTS OF MICROSTRUCTURE AND COMPOSITION ON FORMABILITY

Since there has been an accumulation of evidence to suggest that the
formability of metals is related to parameters derived from tensile tests,

a knowledge of the metallurgical factors influencing these parameters would
be desirable. Therefore, quantitative relationships between microstructure
and true stress-true strain characteristics would be of value in determining

the suitability of a material for cold forming operations.

For many metals, the shape of the plastic portion of the tension true stress-

true strain curve may be described by a simple Ludwig type of equation :
O - ke” — (43)
where T is the true stress, € is the true strain, n is the strain
hardening index, and K is the strength coefficient. It can be shown
that at the onset of necking, in a tensile test,
€u = n —_— (44)

~ fu is the uniform elongation.

In pressing operations, high values of n were shown to be useful in



avoiding strain concentrations, since a high degree of work hardening spreads

the strain from the most heavily deformed regions to regions of lower strain

and lower work hardening.

The most desirable stretch forming properties may be obtained by increasing
the n value. However, high n values can be achieved only in metals of
low stacking fault energy and/or in systems that undergo stress-induced

transformations(l39).

In mild steels, n values lie in the range 0.2 - 0.3. However, even though
large increases in n values cannot be achieved in bcc metals, worthwhile
improvements in formability can be achieved by maintaining as high n value

as possible.

(140)

Morrison reported that the n value of low carbon steels can be related

to the grain size through the following equation :

n = 5—_1 —_(45)
10 - @ 2

(141)

where d 1is the average grain diameter. However Woodhead pointed

that Morrison's data fits better to the expression :

n = __E&jltj; —— (46)
17 - a4
From Equation 45, a grain size of 100s+m would give an n-value of 0.33 and
for a grain size of 1lOmm, the n-value would be 0.24. In preés forming
operations the maxXimum grain size will be limited to 4Qer indicating a
maximum n value of.0.30, the maximum grain size being limited due to the
orange peel effect, i.e. the devélopment of a grainy surface during straining

a coarse grain metal.



In many circumstances, however, n values do not give a very accurate

description of work hardening because the true stress-true strain curve

cannot be described with sufficient accuracy by Equation 43. It was
(142)

reported that for ferritic steels, it was possible to fit true stress-

true strain data into a relationship of the form :
d = a+bln€ +c(®) —_— 7

where a, b, and c are constants; using this relationship, the work hardening

rate was given by :
+ c — (48)

However, it was found to be more convenient and accurate to determine the

work hardening rates as é function of true strain by the numerical manipulation
of tensile data. Using tensile data, the value of € may be determined
since the flow stress and work hardéning rate were shown to be equal at a

true strain & u. Thus, factors which control Elnnmy be resolved into

those controlling the flow stress and those resulting from the work hardening

T
rate, g%i' Factors which raise the flow stress relative to the work
hardening rate will give low values of E_u, whilst high work hardening rates

promote high uniform ductilities.

Microstructural and compositional variables were reported as the major
factors which influence flow stress and work hardening rate and hence
maximum uniform elongation. The two main microstructural variables were
grain size and volume fraction of second phase pérticles. Unlike n values
it was reported(l42)(l45) that grain size had no effect on the uniform

elongation. This lack of any effect of grain size on uniform elongation

was thought to be because of similar increases in both flow stress and work



hardening rates. In fact although decreasing the grain size increased
the flow stress quite significantly, this was compensated by an increased
yield extension and higher work hardening rates in fine grained steels.
The increased work hardening rate was thought to be a result of shorter
slip distance, requiring more dislocations to operate at a given strain,

. . . . .. (144)
and thus producing a higher dislocation density . On the other hand,
refining the ferrite grain size increased the total strain to fractureii.

This was thought to be because the effect on the fracture stress was greater

than its effect on flow stress.

However, there still appears to be controversy relating to the effect of
grain size on ductility, in particular the uniform elongation, Eiu.

(145)

Horta et al reported that a coarse grain size promoted more uniform

straining and therefore increased the ductility which certainly agreed with

the findings of Morrison(l4o).

(140)

In terms of the work of Morrison ; coarse grain sizes should promote

high n values and hence a high work hardening rate.

(142) (143)

Gladman, Holmes and Pickering , and Pickering reported that at least
in ferritic steels the work hardening rate was increased as the grain size

decreased.

In practical forming applications for mild steels, coarse grain sizes have
usually been preferred, with the proviso that they were not too coarse
because of the influence of grain size on the magnitude of the yield
extension. The finer the grain size, the larger the temper-rolling -
reduction required to suppress the formation of stretcher-strains which may
lead to a greater potential loss in ductility due to strain ageing in

rimming steels.



Increasing the volume fraction of second phase particles was found to decrease

(142)(143). Although increasing

both uniform elongation and total ductility
the volume fraction of second phase particles over a small range of carbon

and nitrogen contents was shcwn to have no effect on the flow stress, second

phase particles increased the work hardening rate.

More important however, particles decreased the yield extension and therefore
increased the flow stress at any given strain. Since the increased work
hardening cannot compensate for the decreased yield extension, a lower
uniform elongation results. The effect on total elongation, qu resulted
from particles acting as initiation sites for ductile failure.

Increasing alloying elements was shown to decrease the uniform elongatioé%42)(l43)
The relative effects of substitutional solutes on flow stress increased

directly as the frictional stress, which was found to depend on the relative

4
(1 6). Increasing the solute content retards dislocation

lattice dilation
movement and therefore increases the number of dislocations for a given strain,
hence an increase in the work hardening rate. However, alloying elements

increased the flow stress relative to the work hardening rate, and hence

decreased the uniform elongation, E;u(l42).

5.5 STRETCH FORMING TESTS

Simulated tests for stretch forming operations have been usually carried out
either by punch stretching or by hydraulic bulge testing. In the former,
a metal blank is clamped with a sufficient holding force to prevent drawing
in of tﬁe specimen. Stretching is carried out using a hemispherical

punch fixed to a hydraulic ram. In the hydraulic bulge test, a metal
blank is clamped at its periphery in a die. Stretching is carried out

using a hydrostatic pressure applied to one side of the blank, deforming



it into a symmetrical dome. The latter is thought to be the better test,

since friction effects due to the action of the punch are eliminated.

In simulated stretch forming operations, the imposed strains vary from one
of balanced biaxial strain at the polar region, to plane strain at the

periphery. Two modes of unstable flow have been discussed(l47).

The first mode was broadly and symmetrically distributed about the loading
direction and was termed diffuse; it was encountered at Ed* , where Ed*
is the true strain at which diffuse necking starts. The other mode
beginning at 8 1*, where El* is the true strain at which localised necking

starts and involves a thin band of flowing metal at an angle OK.

For diffuse necking :

3

2
(L - x + x2) :
Zg = + > _ (49)
(1 +x)(4 - 7x + 4x")

For localised necking :

2(1 - x + xz)%
Z1 = —— (50)
1l + x

where Zd and ' Z; are the sub-tangents to the stress-strain curve at the
beginning of diffuse and localised necking, and x is the stress ratio.
A necessary condition for localised necking was that no strain be imposed
on the ﬂon—deforming metal adjacent to the neck. Thus a local neck may
be accommodated so long as d€2#9 O. From the Levy-Mises equation for
an isotropic metal :

dag, 2x - 1

—_— = — (51)
dEl 2 - x



Therefore, d&,; = O was identified with x =%, and 29 = Z1. The

angle @& was determined by value of dﬁé : dfi .

1

g .
tan A = x-2 — (52)
2x - 1
Therefore under uniaxial tension for an isotropic metal, ot - 54044',
while under plane strain condition ( i.e. x =%) S = 090°,

Conditions for the onset of both diffuse and localised necking have been
summarised in Figure 18. When d€2 ? 0 (x>%) which should always be
the case during stretch forming, a direction of zero extension does not
exist, and therefore localised necking cannot be expected. In practical
biaxialvstretch forming operations, useful deformation may not necessarily
be terminated by the onset of microscopic instability.b
Horté et al(l48) reported that in many cases limiting strains in biaxial
stretching were inferior to those predictéd from measurements in uniaxial
tension. For example, a fine dispersion of carbide particles showed
only slight reductions in € u, compared with much greatervreduction in
ductility in stretch forming. Also coarse grained decarburised sheets
with average uniform elongations of 27% were associated with early strain
localisétion and 'premature' failure in biaxial stretching.

(176)
Wilson also reported that stretch—forming limits based directly on the uniform
elongation, Eu, can be misleading. Materials with high yield stress/
UTS ratio and low&u due to a very fine grain size, pre-strained after
complete recrystallisation, or with a fine dispersion of particles performed
better than predicted from their & u values. However, steels with
microstructural features that promoted local strain localisation, e.g.

coarse grained structure and unfavourable carbide distributions, performed



less well in biaxial stretching than was predicted from measurements of € u.
Clearly, microstructural inhomogenities are of greater importance in biaxial
stretchipg than in uniaxial tension, which may to some extent invalidate-

the correlations between uniaxial tensile data and stretch-formability.

Plastic anisotropy influences the onset of instability in two different
ways. Firstly, r determines the limiting stress ratio above which

(147)

localised necking is not permitted If the sheet is characterised

by high normal anisotropy r 2 1, the plane strain condition is not

(147). The requirements

satisfied until the stress ratio is greater than 0.5
of plane strain for various values of r have been plotted in Figure 19.
As r was increased, there was a reduction in the range of stress ratio,

. . .. . R . . (147)
over which working was permissible without localised necking occurring .
The second was on the influence of r value on the strain distribution across
the bulge. High r values were correlated with a more uniform distribution

(148) correlated this with the

of strain acréss the bulge. Horta et al
effect of increasing r on the increased yield stress in balanced biaxial
tension, as compared with that for plane strain. Therefore increasing

r prémoted a more uniform strain distribution across the bulge, since the
decreased yield stress-towards the periphery (i.e. plane strain) would
promote deformation in this region. However, an increasing r value was
accompanied by a small reduction in the strain at the beginning of fracture
during biaxial stretching. As a result, the bulge heights were relatively

insensitive to variations in r in the range 1 - 2.(148)

5.6 FORMING LIMIT DIAGRAMS
{
' 149
Keeler( ) and Goodwin(lso) introduced the concept of forming limit
diagrams, The two principal surface strains were measured at the onset

of fracture. These strains corresponded to the major and minor axis of



an ellipse, By varying the aspect ratios for elliptical dies in hydraulic
bulging, it was possible to vary the major and minor strains at fracture
and construct a forming limit diagram. However, although they are very
useful in determining regions of critical strain in the practical pressing

(147) (169) found them almost insensitive to composition

situation, many workers
and microstructure, i.e. the fracture strain levels were almost identical for
different metals. that are quite different as regard microstructure and
crystal structure. (Fig 20) The inability of forming limit diagrams to
distinguish different stretching performance was highlighted by Haberfield
and Boyles(l69). Comparing a 70/30 brass with a stabilised steel, the FLD
gave no indication of the 12% increase in the pole height for the brass at

fracture. The latter was due to the better strain distribution properties

of brass because of a higher work hardening rate.



CHAPTER SIX

6. FRACTURE

Fracture is being reviewed to study the possible mechanisms of failure in

ferritic stainless steels during tensile and forming tests.

Three types of fracture mechanisms are being reviewed :

i. Ductile;
ii. Instability as a result of localised necking;
iii. Brittle - cleavage.
. . . . (129)
The basic difference between the first two modes was proposed by Dillamore .

Ductile fracture may take place under a rising load without obvious strain
localisatién, while strain localisétion was always required for instability.
However, the distinction between the two failure modes is only one of degree
when considering material quality. Since the basic mechanisms involved

are the same for both modes, only ductile failure will be reviewed.

6.1 DUCTILE FRACTURE

The general mechanism of ductile failure has been agreed to be one of void

nucleation, void growth and void coalescence.

6.1.1 Void Nucleation

Voids may nucleate by cracking at second phase particles, or by de-cohesion

of the metal-particle interface :



ii.

Particle Cracking

Studies of carbide cracking in steels have usually centred on the
s _as : . (174)

initiation of cleavage failure . The results however were
of relevance to ductile failure and cracks which do not propagate
beyond the carbide, or those which were arrested at the first
grain boundary, may act as void nuclei. Cracking was reported
to be dependent on three factors : particle size, particle
orientation, and applied stress. Carbide particle size depend-

ence on cracking was reported by several workers with conflicting

results. In some cases, preferential cracking occurred at larger

(151)

‘particles (approximately 2p+m linear intercept), while others

(152)

2
reported an opposite effect . It was observed(lsn(15 )tha

t

the majority of cracked particles lay along the tensile axis,

which can be explained in terms of a fibre loading model(l52).

The proportion of cracked particles increased linearly with

(151) (152) (153)

increasing strain above a minimum threshold strain.

4
However, it was shown(15 ) that carbide cracking was stress
dependent and that the strain for initiation of voids because of
particle cracking decreased with increasing volume fraction of

carbides. This was presumably because of an increased flow

stress as a result of an increased volume fraction of carbide,

Interface De-cohesion

Void nucleation by interface de-cohesion was studied extensively

(155)

in copper containing silica particles Thin foil electron

microscopy taken from uniaxial tensile specimens showed voids
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formed at the ends of spherical inclusions in line with the
tensile axis.

(156)

It was shown that for cavitation, in terms of a dislocation

pile—up model, the interfacial tensile stress O is given by :

T =22 — (53)
where 'x' is the diameter of the spherical particle, a is the
shear strain, k is the dislocation pile-up length, and b is
the burgers vector. The equation predicted a linear relationship
which was found to be the case.

Thomason(157) analysed the effect of interfacial cohesive strength
on ductility and showed the beneficial effect of maintaining an
interface at particle poles normal to the tensile axis. A
greater elongation was obtained by preventing lateral growth,

thus complete particle/matrix separation must be controlled by

the interfacial energy and the applied stress system.

Void Growth and Coalescence

A number of models have been advanced to describe hole growth and coalescence

(158) (159)

McClintock assumed that voids were present at zero strain

(which is rarely the case, e.g. carbides), and that their growth to a point

where voids touched each other constituted the mechanism of ductile failure.

However, in ductile fracture final failure usually occurs before the voids

touch,by a shear mechanism.

The total strain at failure, £t , was given by :



< L-min 2
t = o — _—  (54)

Sin h (l—n)(‘ra+°”b)'/23—6-

where n is the work hardening exponent, 1lp 1is the centre to centre spacing
in the 'b direction where coalescence occurs, bp is the initial particle
size, Ta and b are the principle stresses (in directions a, b) and

T is the yield stress. - It is immediately apparent that void growth

leading to fracture occufs more rapidly foilowing instability than during
uniform straining, because the stress system in the neck changes from uni-
axial to plane strain. This would indicate that in forming operations

the level of the fracture strain decreases with increasing degrees of
biaxiality. However, thié was not the case and the fracture strain
increased with increasing degrees of biaxiality.

Thomason(lsg) treated the problem as one of necking between adjacent voids
consisting of square prismatic cavities in a plane strain field in a rigid
plastic non-strain hardening solid. This predicted that necking occurred
when the length of the element approximated to its width, and the experimental

(175)

results of Edelson and Baldwin compared well with the models predictions.

(154) (160)

Gladman et al developed the concepts proposed by Gurland and Plateau
It was assumed that the strain concentrations adjacent to second phase particles
were controlled by the frontal radius of curvature of the particles. The
criterion for the onset of the propagation of a ductile crack was taken as

the function of the ratio of the void width to near neighbour spacing.

The relationship between the total strain at fracture,ftq and the amount

and morphology of second phase particles is given by :

2{a} _ 2 2t -€o) k
‘?(S) = fo l+kr e —_2 ________(55)



for de-cohesicon, and :

a)z _ k2 | 26e - €o) 1 z
5 = fo 57 e — (56)

for particle cracking, where a is half the void width, S is the critical
near neighbour void spacing, fo is the initial volume fraction, €t is
the total strain at fracture, and €6 is the strain required to nucleate
voids, k is the Strain concentration, and r is the length-width ratio

of the particles.

Therefore, it may be seen from these relationships that the value of &t
decreased exponentially as the volume fraction of particles increased.
Also, the equations illﬁstrated the effect of increasing the length-width
ratio of second phase particles to give a higher tensile ductility when the
long axis of the particles was parallel to tensile axis, compared with

plate-like inclusions parallel to the minor axis.

However, the perennial problem is that a uniform particle spacing was
. . . . L (143)
assumed which is rarely the case in practice. Experimental work

showed that premature coalescence occurred at lower strains than predicted

from theory because of a local concentration of non-metallic inclusions.

Deformation concentration along localised shear bands has been reported in

a number of metals. Such localisation has led . to premature failure and
lowering of ductility. The bands however were distinct from the shear

between adjacent voids which has been assumed to be responsible for coalescence
and final failure. Localised shear bands may engulf many particles and

the instability from which they were derived was by no means clear.
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6.2 BRITTLE FRACTURE

This mode of failure is characterised by river patterns observed on the
fracture surfaces. The operative mechanism in brittle fracture is one of
cleavage. Brittle fracture may be discussed in terms of three important
stages : the nucleation of the crack, the initial growth of the crack, and
the traversing of the first strong barrier which the crack meets, e.g. a

grain boundary.

6.2.1 Crack Nucleation

The basic mechanisms of crack nucleation in the presence of second phase
particles were essentially the same as those discussed in the section on

ductile fracture and will not be discussed further.

6.2.2 Initial Growth and Fracture

Although the nucleation mechanisms are essentially similar during both modes
of failure, the mechanisms of failure are entirely different. In ductile
failure, crack growth is slow and stable and growth is by plastic deformation
which relaxes stress concentrations at the crack tip. In brittle failure,
crack propagation is unstable and,unlike ductile failure, most of the strain

concentration at the crack tip is released by cracking.

Since these stages occur in series, the measured fracture stress, f?, will
be that nominal stress ét which the most difficult of the three steps is
overcome. If the yield stress is less than the fracture toughness
criterion, K'c' then the metal is partially or completely ductile, since
any stress concentrations can be removed by plastic deformation. If the

yield stress is greater than K'c’ the metal will fail in a brittle manner.
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CHAPTER SEVEN

7. EXPERIMENTAL ‘METHODS
7.1 MANUFACTURE OF ALLOYS
The alloys were made in a high frequency induction furnace. The lower

nitrogen content steels were vacuum melted, whilst the higher nitrogen steels
were air melted. The furnace linings were of magnesite in both cases.

The analyses are listed in Table I.

7.1.1 Methods of Manufacture

i. Vacuum Induction

The following materials were used :

a. Japanese iron

b. Chromium metal

c. Carbon (as graphite)

d. Low carbon ferro-silicon
e. Manganese metal

Plus additions of either :

a. Molybdenum, or
b. Titanium, or
c. Ferro-niobium.

Alloy additions were calculated on the basis of 100% yield, using

a charge weight of 11 kg. Melting down was carried out under
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argon at a reduced pressure. All additions were made during

this period, with the exception of manganese gnd titanium which

were made just prior to tapping to reduce vapourisation losses to
a minimum. The charge was cast at a temperature of 1570°C.

ii. Air Melts

The following materials were used :

a. ) Swedish iron

b, Chromium metal

c. Carbon (as graphite)

d. Low carbon ferro-silicon
e. Manganese metal

Plus additions of either :

a. Molybdenum, or

b. Ferro-niobium.

With the exception of the ferro-silicon, all additions were
calculated on the basis of 100% yield, using a charge weight of

18 kg. The ferro-silicon requirements were calculated on the
basis of the silicon content, plus an addition of silicon equal

to 0.5% of the iron charged. This allowance was made to de-
oxidise the iron. The charge was cast at a temperature of 1570°C.
The ingots were covered with exothermic powder to reduce 'pipe’

losses to a minimum.

iii. Processing of Ingots, Hot Rolling 'and Annealing Treatments

The surfaces of each ingot were planed to reduce the incidence of
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surface defects in the cold rolled strip. Also any ingot 'pipe'
was removed. The ingots were forged at a starting temperature

of 1175°%C to slabs approximatély 160 mm wide x 13 mm thick. All
the slabs were hot rolled at ll750C to 3.55 mm, 1.78 mm and 1.36 mm
thick to give cold rolling reductions of 75%, 50% and 35%
respectively at a constant strip thickness of 0.89 mm. Hot
rolling was carried out using a 2 high 1 x lo6 newton-rolling mill
with 250 mm diameter rolls. A constant strip thickness is of
particular importance in formability testing as results for these

(170) The hot rolled strip was

tests vary with strip thickness.
annealed at 1000°C for half an hour to produce a common microstructufe
and texture for the same composition, having different hot rolling
reductions. The steels were annealed at 750°C to temper any

martensite produced in the 17% steel by the previous treatment.

Before cold rolling was carried out, the steels were de-scaled.

COLD ROLLING

Cold rolling was carried out using a 2 high,1 x lO6 newton mill with 250 mm

diameter rolls, without lubrication, in increments of approximately 0.1 mm.

7.3

ANNEALING OF THE SPECIMENS FOR THE KINETIC AND MECHANISTIC WORK

The cold rolled strips were cut into 25 mm squares for annealing. Annealing

treatments from ten seconds to 250 hours duration were carried out in a

sodium carbonate/ sodium chloride salt bath for all reductions in the

temperature range 620°%C - 810°c. The ‘temperature variability in the salt

bath was #3°c,
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7.4 SPECIMEN 'PREPARATTION

Specimens were sectioned longitudinally. Similar sections were taken from
the strip in the hot rolled condition after annealing at 1000°C and after
softening at 750°C. The mounted specimens were prepared for metallographic
examination in the usual way. Polished specimens were etched in a

saturated solution of picric acid in alcohol with additions of 10% concentrated
hydrochloric acid and 2% concentrated nitric acid. Etching was improved

by allowing a sample of ferritic stainless steel to dissolve in the re-agent

for half an hour before use.

7.5 HARDNESS TESTING

Hardness measurements were carried out using a vickers pyramid hardness
indenter, at a load of 5 kg. Hardness measurements were carried out on the
longitudinally sectioned and mounted specimens. The surface of each

specimen was prepared to a 600 mesh finish. Hardness results were calculated
by taking the average of at least six impressions. Microhardness tests

were carried out using a pyramid indemter at a load of 0.05 kg.

7.6 QUANTITATIVE METALLOGRAPHY

7.6.1 Measurement of Volume Fraction

A systematic point count was used to determine volume fraction.

i. Statistical Analysis for Determining No. of Points to be Counted

Point counting assumes that the proportion of random points when

placed on a microstructure, which fall in a given constituent, is
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equal to the volume fraction of that constituent. However, it

is difficult to achieve a random array of points. Therefore,
a systematic array is used and the distribution of the constituent
is assumed to be random. This is true only if the spacing of

the points is large when compared with that of the constituent.

The volume fraction, V£, of the constituent ©& is given by :

Fee,

VE = 7

(57)

where P is the number of points falling in the constituent, and
PAis the total number of points. From a statistical analysis,
it is possible to determine the number of points required for a
given error. If the number of points required is F, then the

number of points in the constituent is given by :

1
ST 8
(5)
where Svf is the standard deviation, Vf is the volume fraction of

Tyr)2
the constituents, and (?%5) is the proportional variance.

Hence the total number of points to be counted, P, is given by :

Re

P = =5

(59)

Inherent Errors other than Statistical

The two major sources of errors are :

a. ‘Failure to observe 'a. true section

The relationship between point fractions and volume



iii.

= 1Vob =

fractions are valid only when measurements are made on

a two-dimensional section through the structure.
Therefore, because of differential polishing, e.g. second
phase particles, etching, or when a slice of a specimen
is viewed in transmission as in transmission electron
microscopy, the measured volume will'be greater than the

true fraction.

Lack of Resolution

The limited resolution of the microscope causes a
diffuseness of thé‘boundaries which introduces an
uncertainty in estimating whether the point lies within
the constituent. The relative error as a function of
constituent size is given by :

&Vl < L 4.7

v 2Np D (60)

where NA is the numerical aperture, A is the wavelength
of the incident beam, and D is the diameter of the

constituent.

Measurement of the Percentage Recrystallised

The number of points, P, required for a constant accuracy increases

with the volume fraction of recrystallised areas. Therefore, to

keep the total number of points to a minimum, the absolute degree

of accuracy was varied between 13 and 33 depending on the volume

fraction, at a confidence limit of 95%. At volume fractions

above 50%, Pg, was considered to be the unrecrystallised regions.

The value of Vf was determined from an approximate value obtained
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from the first few values of the count, After approximately
haif the total number of points had been counted, a more accurate
estimate of Vf was made which enabled a re-assessment of the values
of P, and the total number of points, P, to be calculated. The
analysis was terminated when the total number of points, P, had
been achieved. Point counting was carried out using a Swift

point counter.

iv. Measurement of the Percentage Austenite

The procedure used was similar to that for the recrystallisation
studies. Because austenite transformed to martensite during
cooling, the percentage austenite was measured in terms of percentage
martensite. It was assumed that the cooling rate was sufficient

to suppress the austenite-ferrite transformation, i.e. the austenite

transformed completely to martensite.

v. : Measurement of the Volume Fraction of Second Phase Particles

Because it has been shown by Equation 60 that large errors are
introduced when measuring the volume fraction of fine particles

by poiht counting, extraction replica techniques and transmission
electron microscopy was used to reduce resolution errors to a
minimum. A grid was superimposed on the screen of a transmission
electron microscope and the examination was carried out at a
magnification of 4,000 times. A minimum of 2,000 points were

counted on each specimen.

7.6.2 Grain Size Measurement

The mean linear intercept was used. This is often termed the Heyn or Jeffries



- 108 -

method and measures the chord length defined by the intersection of a random
stréight line by the grain boundaries on the plane of the polish. The

mean linear intercept, mli, is defined as d where :
i = X —_———— (61)
n

where 1 1is the length of the random line on the planar surface, and n is
the number of grain boundary intersections of this line. The mean linear
intercept is obviously less than the true grain size because it includes
sectioning effects. The true mean diameter, 5, is defined as :

OSSU\m\g) o cubo- octahedron

D 2= 1.75a —_— (62)

i. The Accuracy of the Mean Linear Intercept

Statistically, the standard deviation of the mean is defined as :

-~

- o)y
Ta - -4 (63)
N
where N is the number of observations made, and 63 is the
standard deviation of the individual operations. If the
relative error, 4 , is given by :
o - Td e
d
(177) . R
as Woodhead found empirically that the error of individual
intercepts was :
T
-9 - 5.7 —————— (65)
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This relative error is :

(66)

Measurement of Grain Size

Because ferritic stainless steels exhibited a non-equiaxed, non-
uniform grain size, measurements were determined using the two-
and three-dimensional Heyn intercept methods, i.e. measurement in
the longitudinal,transverse and thickness directions respectively.
The two-dimensional methods were used to determine the grain size
for the kinetic and textural studies. For the structure-property
relationships, a more accurate three-dimensional method was used.
The relative errors, at a 95% confidence limit, were 10% and *5%
respectively. This required 196 and 784 intercepts respectively
in each direction. The mean true diameter was calculated using
Equation 62, while the average grain siées were calculated using

the following relationships :

for a two-dimensional case :

Average grain diameter = —m — —_— (67)

for a three-dimensional case :

(68)

Average grain diameter

where BL' Bt and Bw are the average true grain diameters in the

longitudinal,thickness and width directions respectively.
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7.7 ELECTRON'MICROSCOPYV

Eiectron microscopy was carried out on the material in the hot rolled, hot
rolled and annealed, hot rolled annealed and softened, cold rolled, and cold
rolled and énnealed conditions using thin foil and replica techniques.

This allowed investigations to be made which were not possible by normal

optical techniques. Thin foil techniques made it possible to examine the
processes occurring during recovery and recrystallisation. Local orientations
of recrystallised grains during the early stages of recrystallisation were
determined by electron diffraction to investigate possible mechanisms of
recrystallisation texture formation . Precipitates were also identified

by electron diffraction. Replica techniques were mainly used to measure

the volume fraction and particle sizes of precipitates in the tensile specimens.
However, limited investigations were carried out on specimens in the hot rolled
and annealed, and hot rolled and softened conditions to identify the

distribution of precipitates.

7.7.1 Thin Foils

These were made by initially thinning the bulk material to approximately 0.75 mm
in a solution of boiling aqua regia. Three millimetré discs were taken

from the bulk specimens and reduced to 0.25 mm by grinding both faces on a

400 mesh grinding paper. Perforation was performed in a 'Polaron' polishing
unit using solutions‘of perchloric acid and methanol. Many foils were

also manufactured in a Struers unit in a solution of 94 parts acetic acid to

6 parts perchloric acid at a potential of 80 volts. The thin foils were
examined using transmission electron microscopy at accelerating voltage of

100 and 1000 Kv. The advantages of using the 1000 KV instrument over

100 KV were that :
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i. The increased penetration allowed thicker specimens to be examined

which are more representative of bulk materials;

ii. The improved penetration also allowed studies to be made of larger

precipitated particles by electron diffraction.

7.7.2 Replica Techniques

The specimens in the polished and etched condition were coated with carbon

in the usual manner. A grid pattern of approximately 3 mm square was |
scribed on to the replicated surface. Replicas were loosened from the
metal surface by electrolytically etching in a solution of 6% nital at a
potential of 20 volts and removed by immersing in alcohol and distilled water.
They were collected on a 3 mm copper grid, dried and examined by transmission

electron microscopy at accelerating voltages of .50 and 80 KV respectively.

7.7.3 Scanning Electron Microscopy

The fracture surfaces were examined using a scanning electron microscope at

an accelerating voltage of 30 KV.

7.8 X-RAY DIFFRACTION

X-ray diffraction studies were carried out on cold worked, and cold worked

and annealed specimens, to determine the effect of the degree of cold reduction
and recrystallisation on texture formation. Two methods were used to

follow the formation of textures, namely the inverse pole figure and full or

stereographic pole figure.
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7.8.1 Inverse Pole Figure

Inverse pole figures offer a convenient method of depicting the proportions
of grains with various orientations referred to a unique axis. The unique

axis is usually taken as the sheet normal.
i. Theory

In sheet specimens diffraction using a diffractometer takes place

only from planes parallel to the sheet surface, when the sheet

surface and the counter are inclined at 9 and 29 respectively

to the X-ray beam. Thus, if the intensities are recorded at

Bragg angles corresponding to particular diffracting planes, (hkl),

a quantitative measurement of the percentage of planes of a particular

orientation,. with respect to the sheet normal, can be evaluated.

Inverse pole figures are represented in terms of 'P values' which
are a measure of the statistical chance of any plane, (hkl), lying
in the plane of the sheet. For a particular plane, (hkl), with

values I(hkl) and R(hkl) :

I (hkl)

Phkl = R{BkL) — (69)

ign I(hkl)
n No R(hkl)

where I (hkl) is the intensity of the (hkl) reflection from the
textured specimen, R(hkl) is the intensity corresponding to a
random sample, and n is the number of reflections considered.
Thus a 'P value' of 1 signifies a random orientation, while for
'P values' greater than 1, the plane is considered to have preferred

orientation.



ii,

- 1i5 -

The value of R(hkl) may be determined by two different methods:

from a randomly oriented powder of the same material, or by
calculation. ‘The intensity of X-rays diffracted from a particular
plane in a single phase specimen in a diffractometer may be.
expressed as :

I = (70)

XR
%}A
where I is the measured diffracted intensity, R is the theoretical

diffracted intensity, K is a constant and/uuis the absorption

coefficient.

This is valid for a powder or a polycrystalline aggregate specimen
with a completely random arrangement of crystals which is
effectively of an infinite thickness, i.e. no transmission of
X-rays. With these conditions, K an@/A»are constant and

independent of the nature of the specimen. Hence :

2

+ -
\% sin 9 cose

where F is the structure factor, which is the vectorial sum of the

atomic scattering factors of the atoms comprising the unit cell,

P is the multiplicity factor which allows for the contribution of

equivalent planes to the reflection, m is the temperature factor,

1 + cos29
sin2 ] cos6

Ehe volune of the unit cell

is the Lorentz-polarisation factor, and Vv 1§

Annealing of the Specimens

The cold rolled sﬁrips were cut into 25 mm squares for subsequent
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annealing., Annealing treatments to produce a fully recrystallised
structure were carried out in a muffle furnace in the temperature

range 700°C - lOOOOC.

Specimen Preparation

Specimens for X-ray diffraction were ground on one face to 600
grade finish. The other face was coated with 'Lacomit' to allow

a measured amount of metal to be removed from the specimen surface

during thinning. The specimens were thinned to % thickness in a
solution of boiling aqua-regia. This was carried out to remove
(107)

the surface texture which has been shown to be unrepresentative

of the bulk material.

X-ray Diffraction

For the determination of pole figures, a large number of reflecting
planes are desirable, but the accuracy of the iﬂtensity values at
low and high angles, i.e. less than 10° and greater than 700, is
reduced. The X-ray radiation chosen was molybdenum, K, which

is of short wavelength and therefore for bcc ferrite a large number
of reflections are produced within the range 28 equals 20° - 700.
For bcc ferrite, 11 lines can be scanned for 28 values between

20°

- 73°, Two of the X-ray lines are higher order diffractions,
therefore the 'P value' represents the chances out of 9 of a
particular plane lying in or close to the surface of the sheet
compared with the chances of any of the 8 others being similarly
situated. The (411) plane may be separated from the (330) because

the latter plane is a higher order reflection of the (110) and

therefore its intensity can be calculated from the intensity of the

(110) plane.
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Texture data was obtained by an X-ray diffraction technique using

a Siemens diffractometer. Studies were carried out in both the
cold worked and recrystallised conditions. In each case the
specimen was rotated at 60 revolutions/minute to produce an average
value of Phkl' The counter scanning rate was %o/minute in all
cases. The intensity of the diffracted X-rays was measured using
a scintillation counter linked directly to a strip chart recorder.
Intensity measurements I (hkl) were obtained by measuring the area
beneath 9 different diffraction peaks using a planimeter. thl
values were determined both by calculation using Equation 71 and

by measuring the area under 9 diffraction peaks for a ferritic
stainless steel powder. Figure 21 illustrates a typical trace
for a textured material and for a random powder. Calculations
were based on a single phase binary iron-chromium alloy. Little
difference was found between the calculated and measured values.

P values were calculated using Equation 69. For the correlation
between texture and both limiting draw ratio and r value, a more
accurate method of determining the area under each peak was carried
out. This consisted of scanning each peak at %°/minute and
recording the total counts on a scaler. The background level was

measured both sides of the peak and the average value subtracted

from the total counts to give the total counts under the peak.

7.8.2 Normal Pole Figures

A normal pole figure is a three-dimensional distribution of orientations
represented on a two-dimensional figure such that one set of planes are
projected, e.g. {200} , but from many crystals. A preferredvorientation
produces regions of high pole density on the projection with a scatter about

principal orientations. It is usual in the construction of pole figures

to use the rolling plane as the basic circle and to plot the rolling direction
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at the top and bottom of the figure. Thus, by measuring the angles
between regions of high pole density and the rolling direction and sheet
normals, it is possible to determine the crystallographic directions which
are parallel to the rolling plane and the crystallographic orientation of

the rolling plane respectively.

i. Experimental Method

The annealed specimens were taken from the tensile heads of thg
specimens used for the r value determination as this would allow
a direct correlation between r value and texture. - The cold
worked specimens were those used for the inverse pole figure
determinations. Selected specimens only were used to highlight

the texture differences found by the inverse pole figure studies.

ii. Texture Determination

Texture determination was carried out using a Siemens Kristalloflex
texture goniometer. Since the pole figure must be as complete
as possible, the pole figure was scanned along a spiral path in
accordance with the reflection method. For this method of analysis
both the inclination angle, &\ , and the azimuth angle, ¢) , are varied
continuously, such that a 5° change in the inclination angle
corresponded to a 360° rotation of the azimuth angle. A full
360° rotation of the azimuth angle takes 6 minutes, hence a full

(e}

scan of the pole figure, i.e. inclination angle 0° - % , takes

108 minutes.

The {éoo} planes were used as the reflecting planes as most

workers found that {200} pole figures give the best representation

of textures inbcc metals. Molybdenum K, radiation was used as it
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produces an intense diffracted beam. The values of O and 26
for {200% planes for molybdenum K, were determined from the
X-ray traces. The intensity of the diffracted beam was measured

using a scintillation counter linked to a strip chart recorder.

The graduated circle was rotated to the position €A = 90O and the
azimuth angle was set at ¢ = o°. The specimen was mounted at
the centre of the goniometer head such that the rolling direction
was parallel to the plane of the vertical ring. The glancing
angle 9 was set to correspond to the angle 9 for a {2003
reflection. The angles o and ¢ were adjusted to coincide with
a region of high pole density on the pole figure and the counter
was adjusted to attain the maximum intensity in the 2 6 position.
The vertical circle and azimuth angle were returned to @k = 90°
and ¢)= OO, and the analysis started at a maximum pulse rate,

consistent with the maximum intensity, at a chart speed of 1 cm/

minute.

Determination of the Random Intensity Level

This was achieved by noting both the total number of counts and the
time taken for a full scan, i.e. 6480 seconds. However, the
random level is not constant for the first 20° of the scan and the
count rate increases by a factor of 2 during this period. There-

fore the count rate must be halved, which was achieved by altering

the time factor. Because a full scan took 6480 seconds, the time
to scan 20° equals 1440 seconds. The time factor was reduced by
1440

5 seconds
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i.e. the time reduced from 6480 seconds to 5760 seconds. The

random level was determined from the following equation :

Total counts

1 = _ (72
Random level 5760 % T (72)
where I is the maximum impulse rate in counts/second. The random
level was drawn on the chart and labelled 1.0. The zero level

was determined by determining the intensity after the counter was
moved from the 2 B value corresponding to the {2003 reflection.
A grid was drawn corresponding to values of 0.5, 1.0, 1.5, 2.0 etc.
times random. The intensity at any point on the spiral scan
chart was transferred to the pole figure by means of a recording
spiral. The points of equal intensity on the pole figure were
joined to form contours from which individual pole peaks were

identified and labelled.

7.9 MECHANICAL TESTING

Two forms of mechanical tests have been used, namely true stress-true strain,

and r value determination.

7.9.1 Annealing

The tensile specimens were annealed in a vacuum tube furnace in the temperature
o
range 800 C - 1000°C. The temperature variability in the furnace was *10%.

A vacuum was used to reduce oxidation, de-carburisation and nitrogen pick-up.

7.9.2 True Stress = True Strain

Tensile specimens were produced to the dimensions given in Figure 22a ().
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Specimens were blanked from the cold rolled sheet at 00, 45° and 900 to the
rolling directién. However, this produced a cold worked edge approximately
0.075 mm deep which after annealing resulted in grain sizes different from
those in the bulk material; (Fig 22b) This was removed by machining

0.25 mm/side from the gauge length.

Tensile specimens were strained to failure using an Instron testing machine
at a cross head speed 0.2 cm/min. The load was measured using a 500 kg load
cell linked to a potentiometric recorder. The load cell was re-calibrated
between each test using a 20 kg load. The extension was measured using a
O - 50% strain gauge extensometer with a 10 mm gauge length linked to a
potentiometric recorder. Calibration was carried out between each test
such that 25% extension, i.e. 2.5 mm extension, corresponded to 25 cm of
chart movement. Thus load and extension could be measured simultaneously.

Width and thickness measurements were taken as the average of six readings

along the gauge length. The true stress,cr., was :
P .
T - — _— (73)

where P is the force in newtons, and AI is the instantaneous cross sectional
area. The instantaneous area AI was calculated by assuming that during
deformation up to the onset of necking, the specimen maintained a constant

volume such that :

Ao 10 = AI 1I —_— (74)

such that :
A _ A, 1o 75
I 1 E—Y
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where AO and l0 were the initial area and length respectively and lI was
the length determined from extensometer readings. The true strain,fi '

was given by :
&€= 1, — _— (76)
The true stress-true strain calculations were made using a digital computer.
o3
The rate of work hardening, gf.’ was computed from the slope of the true

stress - true strain curve at fixed increments of true strain.

7.9.3 r Values

Tensile specimens were produced to the dimensions given in Figure 22a(8).
Specimens were taken at Oo, 45° and 90° to the rolling direction and machined
in the same manner as those for the mechanical tests. r values were
calculated after 10% elongation; measurement was made using a O - 10% strain
gauge extensometer. Straining was carried out using an Instron testing
machine at a cross head speed of 0.5 cm/mim. Although «r values are
determined from Equation 38, this leads to large inaccuracies because of
measuring small changes in thickness. More accurate thickness strains

were calculated from changes in width and length assuming a constant volume.

Assuming a constant volume, Equation 38 becomes :

(77)

where 1, and Wo are the initial length and width, and ll and W, are the

final length and width.
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Measurements of length and width were made using a microscope with a micro-
meter stage. Larger specimens were used for the r values, because these
exhibit greater changes in width at equal strains and therefore smaller

errors in measurement. Zﬁ r was expressed using Equation 40.

7.10 FORMABILITY TESTS

These included Erichsen and Swift cupping tests.

7.10.1 Annealing

The specimens were annealed in a muffle furnace in the temperature range
SOOOC - 1o00°c. Argon was passed over the specimens to reduce oxidation,
de-carburisation and nitrogen pick-up. Any slight oxidation was removed

with a fine grinding paper.

7.10.2 Erichsen Tests

These tests were determined using a Hille 4 x 105 newton press with ball and
die diameters of 20 mm and 33 mm respectively. A clamping force of 1 X 105
newtons was used to prevent metal being drawn in to the die, to simulate
stretching conditions. Combined lubrication of polythene and oil was used
between the punch and the specimen to reduce friction. The ram speed was

25 mm/minute(l72)

. load and punch travel were accurately calibrated to allow
the depth at fracture to be measured directly from the punch travel at

maximum load.

7.10.3 Swift Cupping Tests

Tests were carried out using a Hill 4 x lo5 newton press which automatically
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recorded punch load and travel. The ram and die diameter were 50 mm and
53.7 mm respectively. The initial thickness of the discs was measured
using a micrometer. Testing was carried out at a ram speed of 200 mm/minute,

with polythene lubrication on the die face only,
The discs were degreased in trichloroethylene just prior to drawing. A
blank holder force of 1 x lo4 newtons was used to prevent wrinkling.
Specimens were machined into discs before annealing,between 103 and 121 mm
in diameter in increments of 2 mm. The flash was removed with a file.
Once an approximate critical blank diameter had been determined, further discs
were machined to *2 mm from this diameter, in 1 mm increments, to allow
measurement of a more accurate critical diameter. The results were
calculated in terms of the limiting draw ratio, LDR, where :

critical blank diameter

LDR = —_— (78)
ram diameter

The percentage earing was calculated from :

Height of the ear - height of the trough

Percentage earing =
Average height of the cup

(79)
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CHAPTER EIGHT

8. EXPERIMENTAL RESULTS

8.1 HOT ROLLED MICROSTRUCTURES

The steels were examined metallographically at three distinct stages of

processing:
il After hot rolling;
ii. After hot rolling and annealing for half an hour at
lOOOOC;
111, After treatment ii. followed by a further anneal for

half an hour at 750°C.
Longitudinal sections of the microstructures were examined at each stage to
study the effect of thermal treatment on the grain size and phase distribution.
At this stage the grain boundaries produced during hot rolling will be
referred to as matrix grain boundaries. Typical hardness values at each

stage of processing are given in Table II.

All the steels examined showed a marked resistance to recrystallisation
after hot rolling and tended to form low energy subgrain boundaries within
the matrix ferrite grains (fig 23a). After annealing for half an hour at

lOOOOC the steels recrystallised.

8.1.1 17% Cr Steels

Alloy (1) 17% Cr Low (C+N)

In this steel there was some evidence for recrystallisation at the matrix

grain boundaries after hot rolling (fig 23a). Micro hardness tests showed
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that recrystallised regions were softer than the surrounding matrix Table III.
After being annealed at lOOOOC the microstructure showed pools of martensite
at the grain boundaries (fig 23b). Within the martensite there was still
evidence of undissolved chromium carbide which was identified by electron

diffraction as M From the distribution of the martensite pools, it

23 %6
was clear that they were areas of austenite formed at the matrix grain
boundaries which subsequently transfomed £© martensite during cooling.

The austenite had pinned the growing ferrite boundaries to produce a 'pancake’
grain structure; annealing at 7SOOC tempered the martensite and precipitated
M23 C6 at the grain boundaries. It also produced precipitation within the
ferrite grains adjacent to the martensite (fig 23c). The precipitates
were identified as needles of Cr2N with some M23C6' In the rest of the
material, few precipitates were present. Thin foil electron microscopy

o
showed that after annealing at 750 C the original martensite regions recrystallised

to a fine grain size (fig 23d).

Alloy lc did not show martensite in the microstructure after annealing at
lOOOOC, but comprised coarse polygonal ferrite grains due to the absence of
austenite and other pinning particles. It should be noted that the carbon
content of Alloy lc was lower than that of either steels la or 1lb (Table I).
Annealing at 750°C precipitated M__C_ at the grain boundaries.

236

Alloy (2)- 17% Cr High (C + N)

In the hot rolled condition the structure comprised alternate bands of ferrite
and martensite (fig 24a), the martensite clearly being identified by micro-
hardness tests (Table III). Thin foil electron microscopy showed the
martensite to be lath martensite (fig 24b). The ferrite grains were
heavily elongated in the direction of rolling and showed low energy subgrain

boundaries. These grains showed a marked increase in micro-hardness when
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compared with annealed ferrite (Table III). Thin foil electron micro-
scopy showed a recovered structure in the ferrite (fig 24b). The

martensite regions were in the form of grains elongated in the direction
of rolling and there were indications that the austenite tranformed to
martensite without recrystallising. Carbides occurred at the ferrite/

martensite interface, in the martensite and at the ferrite grain boundaries.

Annealing at lOOOOC recrystallised the ferrite into 'pancake' grains
(fig 24c) due to the pinning action of alternate bands of austenite.
The austenite which appeared to have formed from previously martensite
regions was distributed in bands and had subsequently re-transformed to
martensite during cooling. This martensite contained M23C6 which had
remained undissolved at lOOOOC. However, most of the carbkide at the
ferrite grain boundaries and at the ferrite/austenite interface had

o
been taken into solution at 1000 C. Thin foil electron microscopy

showed that the austenite tranformed to a lath martensite (fig 24d).

After annealing at 750°C the martensite had tempered to ferrite and
carbide, and carbide had precipitated at the martensite/ferrite interface
and at the ferrite grain boundaries. Extensive fine precipitation had
occurred in the ferrite, at the ferrite/martensite interface, identified
as Cr2N and M23C6'

There was more fine precipitation within the ferrite matrix than in the
low carbon and nitrogen steel. This may be a result of chromium rejection
by the austenite producing a concentration of chromium at the ferrite/
austenite interface. The higher chromium content at the interface may
produce increased supersaturation. In the former martensite regions
two distinct sizes of M,_,_C_ carbides were present, i.e. temper carbides

2376

and the much coarser previously undissolved carbides. Thin foil
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electronmicroscopy showed that these areas were reluctant to recrystallise

and tended to show a polygonised structure (fig 24e).

Alloy (3) 17% Cr High (C + N) 1% Mo.

The microstructure of this steel in the hot rolled condition was similar
to that of Alloy (2). However, the amount of martensite was less.

At the ferrite/martensite interface,in the ferrite grains and in the
ferrite grain boundaries there was evidence of M23C6 precipitation.
Annealing at 1000°¢ produced a structure similar to that in Alloy (2).

The pinning action of the austenite was not so effective as in Alloy (2),
since the volume fraction was less at 1000°C due to the presence of
molybdenum. The pinning action of the carbides was not so effective

as that of austenite as numerous bands of coarse carbides (fig 25a)
obviously originating from hot rolled ferrite grain boundaries were present
within the ferrite grains. This was presumably due to rapid coarsening

of carbide particles situated at grain boundaries which allowed unpinning

of the boundary.

Annealing at 750°¢C tempered the martensite and further precipitation had
taken place at the grain boundaries . Thin foil electronmicroscopy
showed this steel to be resistant to recrystallisation in the original
martensite areas. However, unlike the base steel no preferential

precipitation took place at the ferrite/martensite interface.

Alloy (4) 17% Cr Low (C + N) 1% Mo

In Alloy (4)a pools of martensite were present at both matrix grain
boundaries and within the grains,Alloy 4b showed a greater preponderance

of substructure but there was little or no martensite in the microstructure.
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The reason for this may be due to the slightly lower molybdenum content of

Alloy 4a as compared with 4b (Table I).

After annealing at lOOOOC new areas of austenite had nucleated at matrix

grain boundaries and in the original martensite regions. Large undissolved
carbides were present in the martensite and at the ferrite/martensite interface.
Most of the boundary pinning resulted from the carbide precipitated at the
matrix grain boundaries since the volume fraction of austenite was insufficient
for pinning as shown by the fact that pinning was not so effective as in

Alloy (1) . The pinning action of the carbide particles was not as effective
as the austenite in Alloys la and lb because numerous bands of coarse carbides,
similar in origin to those described for Alloy 3, were present within ferrite

grains, ie.the grain boundaries had broken free. (Fig 25a)

Alloy (5) 17% Cr low (C + N) + Ti

In this steel no subgrain formation was observed in the elongated ferrite
grains but thin foil electronmicroscopy showed recovered structures (fig 25b).
Titanium carbonitride particles were randomly distributed throughout the
structure. At the grain boundaries,precipitates were identified as

M23 C6, indicating that an insufficient titanium addition had been made to

suppress this reaction.

After annealing at 1000°C recrystallised grain boundaries were paralled

to the rolling direction. Titanium carbonitride particles had little
pinning action as few of these particles were associated with grain boundaries.
The chromium carbide precipitated at the matrix grain boundary is believed

to be responsible for the majority of the pinning action since it remained

undissolved after annealing at 1000°C.
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Martensite was not present in the microstructure indicating that the

o
addition of titanium was sufficient to prevent austenite formation at 1000 C.

After annealing at 750°C there was further evidence of precipitation which

was also indicated by the hardness results (Table II).

Alloy (6) 17% Cr High (C + N) + Nb

The grains contained copious amounts of Nb (CN) particles distributed

randomly throughout the structure.

After annealing at 1000°C the niobium had not been capable of inhibiting
recrystallisation. However unlike other steels the grains were relatively
fine and equiaxed with some evidence of pinning by the coarse niobium
carbonitride particles. The addition of niobium was sufficient to

prevent austenite formation at 1000°C.

Alloy (7) 17% Cr Low (C + N) + Nb

As for the titanium steel, no subgrain formation was observed in the elongated
ferrite grains, but the hardness after hot rolling indicated a recovered
rather than a recrystallised structure. The structure was also characterised

by randomly distributed niobium carbonitride particles.

. O . . . : :
Annealing at 1000 C recrystallised the steel into fine equiaxed grains in
which some grain boundary pinning was evident. Again niobium additions

were sufficient to prevent austenite formation at lOOOOC.
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8.1.2 25% Cr Steels

Alloy (8) 25% Cr Low (C + N)-

The steels showed resistance to recrystallisation after hot rolling. At
matrix grain boundaries precipitation of M23 C6 had taken place. There
was evidence of carbide precipitation within the deformed ferrite grains.

As would be expected the 25% Cr steels did not contain martensite since bhe

composition was outside the o < ¥ phase field.

After annealing at 1000°C the steel recrystallised and contained bands of
carbides which showed the original hot rolled grains (fig 25c). These
carbides had partially pinned the grain boundaries in some regions to
produce a highly elongated grain structure. This pinning action was not
completely effective as numerous carbide bands of obvious grain boundary

origin were present within the ferrite grains.

There also was evidence of randomly distributed carbides.

Annealing at 750°C produced further precipitation at grain boundaries which

was also indicated by the hardness (Table II).

Alloy (9) 25% Low (C + N) 1% Mo

The structure in the hot rolled condition was similar to that of the base

steel.

] O -
After annealing at 1000 C the steel recrystallised to produce a microstructure

similar to that of the base steel, and the pinning action was more effective.



= 150 =

However bands of carbide were still present within the ferrite. In
comparison with the base composition there appeared to be a larger quantity

of carbides for a given carbon content.

8.2 COLD WORKING CHARACTERISTICS

The cold working characteristics after annealing at 1000°C and softening at
750°C have been investigated by measuring the average increase in hardness
A", at 10, 20, 35, 50 and 75% reduction respectively. The results are
shown in figure 26. The cold working characteristics are typical of bcc
ferritic materials, ie.the steels work harden quite rapidly initially, but

do not maintain a high work hardening rate at higher strains.

The 17% Cr lower interstitial content steel exhibited a somewhat higher
initial work hardening rate than the higher interstitial steel (fig 268) .
Although this was not reflected by the tensile results this may be because
the higher interstitial content did not allow full recrystallisation after
annealing at 1000°C and softening at 7500C‘thus producing a lower initial
work hardening rate. The 25% Cr steel (fig 26A) showed a higher

initial rate of work hardening than the 17% Cr steels.

In the molybdenum steels the initial work hardening rate of the 25% Cr
steel was again higher than that of the 17% Cr steel (fig 26B). At
17% Cr in the molybdenum steels the lower interstitial content had again

produced a high initial work hardening rate.

Titanium and niobium (fig 26€) both increased the initial work hardening

rate compared with the base material at both interstitial levels. This
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may be due to the effect of second phase particles. However, the lower
interstitial niobium steel exhibited a higher overall work hardening rate
than the higher interstitial counterpart. At the higher interstitial

content additions of niobium increased the overall work hardening rate.

8.3 " THE EFFECT OF ANNEALING

The'pfoperty and microstructural changes that occur during annealing in
ferritic stainless steels, after cold rolling, have been followed using
hardness testing and metallographic point counting. The kinetics of
recovefy and recrystallisation were determined at 35%, 50% and 75% cold
reduction after annealing in the temperature ranges 620°c - 810°c.

Hardness values were expressed in terms of the change in hardness AH
rather than in absolute terms, to take account of compositional effects
which caused differences in the initial hardness. Fig. 27A shows a
typical curve for the change in hardness AH with annealing time. In
ferritic stainless steel there was a retarded softening at the completion of
the recovery stage which has been termed the plateau region. Thus
compositional effects on recovery may be separated from thQse on recrystal-
lisation. Recovery has been described in terms of two parameters :

the rate of recovery, ie, the slope of the curves, and the amount of recovery,

ie. the change in hardness during the recovery stage prior to recrystallisation.

Point counting has been used to determine the recrystallisation kinetics at

a constant temperature as a function of composition and degree of cold work.
Fig. 27b shows schematically a typical curve of percentage recrystallisation
against annealing time. Recrystallisation has been described in terms

of two parameters: namely the incubation period for recrystallisation and

the recrystallisation rate, ie. the maximum slope of the curve in Fig. 27B.
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Hardness results have been used to illustrate specific recrystallisation
effects. The end of the plateau stage coincided with the recrystallisation
incubation period for most of the steels studies, indicating that

recrystallisation was inhibited during the plateau stage.

Some of the recrystallisation kinetics have been interpreted in terms of

the Arrhenius rate equation:

1 _ S I
log £ = log A 5% 1o (80)

1, ; : < : ; :
where T 1is the rate of recrystallisation in which t is the time in seconds

for a given percentage recovery in hardness, where this is given by:

Percentage recovery in hardness o Actual AH
Total& H in the fully
recrystallisation condition

(81)

8.4 RECOVERY

The recovery stage will be described in terms of three effects namely cold

work, composition and annealing.

8.4.1 The Effect of Cold Work

Fig. 28 illustrates the effect of cold work on the relative recovery rates
for some ferritic stainless steels after annealing at 6550C, there being
apparently little overall effect of cold working. However, decreasing
amounts of cold work extended the plateau region between recovery and
recrystallisation due to the accelerating effect of increasing cold work on
recrystallisation. This indicated a marked polygonisation effect at

low reductions.
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8.4.2 The Effect of Temperature and Composition

Alloy (1) 17% Cr Low (C + N)

Annealing this steel at temperatures below 690°C led to a marked plateau
region between recovery and recrystallisation. This plateau occurred
at approximately a constant hardness and its extent increased with decreasing

temperature (fig 29).

8.4.3 The Effect of Interstitial Content at 17% Cr

The recovery rate increased with increasing interstitial content after 35%
and 50% cold reduction and annealing at 690°C (fig 30). Although the
higher interstitial content steel apparently recovered more rapidly at the
lower reductions, the plateau region between recovery and recrystallisation
was considerably extended. In fact after 35% cold reduction, annealing

the higher interstitial content steel below 750°C resulted in a distinct

plateau between recovery and recrystallisation (fig 31). This plateau
however did not occur at a constant hardness value. To a lesser extent
the plateau was present after 50% cold reduction. However after 75% cold
reduction no such plateau was observed (fig 32). This may be due to

the higher degree of stored energy resulting in recrystallisation encroaching

on the recovery region.

8.4.4 The Effect of Chromium Content at the Lower Interstitial Level

Increasing the chromium content from 17% to 25% increased the rate of recovery
at 35% and 50% reduction after annealing at 690°C (fig 33). At lower
temperatures the recovery rate of the 25% Cr steel decreased relative to that

of 17% Cr steel (fig 34).



8.4.5 The Effect of Molybdenum at the Lower Interstitial Level

Alloy (4) 17% Cr Low (C + N) 1% Mo

The effects of additions of molybdenum to a 17% Cr low (C + N) steel were
complex. At 35% reduction the molybdenum steel shows a faster recovery
rate and an increased amount of recovery (fig 35). At the higher
reductions the rate of recovery of the molybdenum steel was slower.

Additions of molybdenum extended the plateau between recovery and
recrystallisation. Unlike the base steel, annealing at temperatures

below 750°C led to a distinct plateau between recovery and recrystallisation
(fig 30). This plateau occurred at approximately constant hardness

and its extent increased with decreasing annealing temperature.

Alloy (9) 25% Cr Low (C + N) 1% Mo

Additions of molybdenum to a 25% Cr steel had little effect at 35%
reduction, but &% 50% and 75% cold reduction decreased the recovery rate

(fig 37). The plateau was again extended by additions of molybdenum.

Compared with Alloy 4, ie. 17% Cr low (C + N) 1% Mo, at the lower reductions
the 25% Cr steel recovered slightly more rapidly (fig 38). However,

at 35% cold reduction the 17% Cr low (C+N) 1% Mo steel showed a slightly
greater amount of recovery. At lower temperatures the plateau was
extended in the 25% Cr molybdenum bearing steel. This may be due to

an increased supersaturation of chromium carbides and nitrides in the

25% Cr steel which retards normal recovery processes.
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8.4.6 The Effect of Molybdenum at the Higher Interstitial Level

At the higher interstitial content, Alloy 3,additions of molybdenum
decreased both the rate and the amount of recovery that occurred prior

to recrystallisation (fig 39). The plateau was also extended relative
to‘the base steel. However unlike the base steel the plateau was
present over a wide temperature range, at all cold reductions, and occurred

at approximately a constant hardness value.

This steel also shows a distinct plateau effect after annealing at

temperatures of 750°C and below (fig 40).
Compared with Alloy 4, ie. the 17% Cr low (C + N)1% Mo steel‘the rate of
recovery was slower and the amount of recovery prior to recrystallisation

was much less at the higher interstitial content (fig 41).

8.4.7 The Effect of Titanium at the Lower Interstitial Content Alloy(5)

Additions of titanium increased both the rate and the amount of recovery
prior to recrystallisation (fig 42). Also when the steels were
annealed at low temperatures they did not exhibit a distinct plateau

between recovery and recrystallisation even after only 35% reduction (fig 34).

8.4.8 The Effect of Niobium at the Lower Interstitial Level

Niobium at the lower reductions increased both the rate and the amount of
recovery prior to recrystallisation (fig 43). However, unlike titanium
niobium extended the plateau even at temperatures up to 810°c (fig 44).
Compared with the 17% Cr low (C + N) 1% Mo steel additions of niobium

extended the plateau (fig 43).
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8.4.9 The Effect of Niobium at the Higher Interstitial Level

At the higher interstitial level, additions of niobium decreased both the
rate and the amount of recovery (Fig 45). At 75% cold reduction, niobium
greatly extended the plateau while at 35% reduction there was very little

effect.

Compared with the lower interstitial niobium steel, increasing the interstitial
content decreased both the rate and the amount of recovery (Fig 46).
Although increasing the intersitial content retarded recovery, the plateau

was shorter at the higher interstitial content.

Compared with the 17% Cr high (C+N) 1% Mo steel, the plateau was generally

shorter while the rate of recovery and amount of recovery were similar (Fig 46).

8.5 RECRYSTALLISATION

8.5.1 The Effect of Cold Working

Recrystallisation always took place more rapidly as the degree of cold work

was increased (Fig 47).

8.5.2 The Effect of Composition O_Ft(’_f' 15% reducti om,

i. The Effect of Interstitial Content

At the higher interstitial content, recrystallisation was retarded
relative to the lower interstitial content (Fig 48). After
annealing at 750°C, the incubation period for recrystallisation

increased only slightly while the rate of recrystallisation was
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markedly decreased. At lower annealing temperatures, the
retarding effect of the higher interstitial content was even

greater.

The Effect of Chromium at the Lower Interstitial Content

Additions of a further 8% Cr had very little effect on recrystal-
lisation (Fig 49). At 750°C, the 25% Cr steel recrystallised
more rapidly than the 17% steel. At the lower annealing
temperatures, recrystallisation in the 25% Cr steel was retarded
relative to that in the 17% Cr steel, resulting in a higher

activation energy in the 25% Cr steel, as will be shown later.

The Effect of Molybdenum at the Lower Interstitial Level

Alloy (4) 17% Cr Low (C+N) 1% Mo

After annealing at 750°C, additions of molybdenum increased the
incubation period and decreased the recrystallisation rate (Fig 50).
At lower temperatures, the retarding effect of molybdenum was even
greater resulting in an increased activation energy. It can be
seen from Figure 35 that the increased incubation period in the
molybdenum steel resulted from an extended plateau between

recovery and recrystallisation.

Alloy (9) 25% Cr Low (C+N) 1% Mo

At 25% Cr after annealing at 750°C, additions of molybdenum again
increased the incubation period for recrystallisation and decreased

the recrystallisation rate (Fig 51). At lower temperatures, the
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retarding effect of moledenum was similar to that observed in the
17% Cr steel. The extended incubation period again correlated

with the extended plateau region in the molybdenum steel.

After annealing at 7500C, recrystallisation was slightly faster in
the 25% Cr molybdenum steel than in the 17% Cr molybdenum steel
(Fig 52). At lower temperatures, recrystallisation in the‘25% Cr
steel was retarded relative to that in the 17% Cr steel. This
was in agreément with the extended plateau observed in the 25% Cr

molybdenum steel (Fig 38).

The Effect of Molybdenum at the Higher Interstitial Level Alloy- (3)

At the higher interstitial content, additions of molybdenum increased
the incubation period for recrystallisation (Fig 53). However,
once recrystallisation had started, the rate of recrystallisation in
the molybdenum steel was faster. The increased incubation period
in the molybdenum steels correlated with extended plateau stage

(Fig 39).

In comparison with the 17% Cr low (C+N) 1% Mo steel, the incubation
period was increased (Fig 54), which was also in agreement with

the extended plateau found in the higher interstitial content steel.
However, although the incubation period was extended at 7500C, the
higher interstitial content steel had a faster recrystallisation
rate, despite the longer incubation period, 100% recrystallisation
being achieved in the same timc as in the lower interstitial steel
(Fig 54). At lower temperatures this was not the case and
recrystallisation was retarded in the higher interstitial content

steel. However at higher temperatures than 7SO°C, the higher
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interstitial content caused more rapid recrystallisation than in

the lower interstitial content steel.

v. The Effect of Titanium at Lower Interstitial Level ‘Alloy (5)

Additions of titanium had very little effect on recrystallisation.
(Fig 55). The incubation period was slightly retarded in the
titanium steel, but the recrystallisation rate was faster, resulting
in 100% recrystallisation being achieved slightly more rapidly in |

the titanium steel than in the base steel.

vi. The Effect of Niobium at the Lower Interstitial Level Alloy (7)

Unlike titanium, additions of niobium markedly increased the
incubation period for recrystallisation and decreased the recrystal-
lisation rate (Fig 56). This was particularly the case for the

lower reductions which were very slow to recrystallise.

Niobium retarded recrystallisation to a much greater exteht than
molybdenum at the lower interstitial level (Fig 57). This was
evident from comparing Figure 44 with Figure 36 which shows that in
the niobium steels, the plateaux were extended relative to the

molybdenum steels.

vii. The Effect of Niobium at the Higher Interstitial Level. -Alloy (6)

At the higher interstitial level. additions of nichium increazascd
the incubation period for recrystallisation. However, once
recrystallisation had started, the recrystallisation rate of the

niobium steel was faster (Fig 58). The increased incubation
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period was in agreement with the extended plateau observed in

niobium steels.

In the niobium steels, recrystallisation always took place more
rapidly at the higher interstitial level (Fig 59) probably as a

result of an increased volume fraction of second phase particles.

8.5.3 The Effect of Composition and Cold Work on the Recrystallised
Grain Size

The recrystallised grain size at a constant temperature of 750°C was measured
using the Heyn intercept method when recrystallisation was just completed

and before any discernible grain growth had taken place. It was observed
that,as is usual, the recrystallised ferrite grain size became finer as the

amount of prior cold deformation was increased (Figure 60).

In the 17% Cr steels (Fig 60a) increasing the interstitial carbon and nitrogen
contents decreased the grain size for all cold reductions. The effect of

cold reduction was much less marked at the higher interstitial content due

to the nucleating action of carbide particles. The aspect ratio of the
recrystallised grains increased with increasing interstitial content. Additions
of molybdenum (Fig 60a) at both interstitial levels refined the grain size

at all reductions.

Additions of titanium had no major effect on the grain size at 75% reduction
(Fig 60b). The lower interstitial niobium steel behaved in a similar manner
(Fig 60b). At the higher interstitial level, additions of niobium also had
no effect on the avera 5% reducilion. At the lower
reductions, however, the higher interstitial content niobium steel had a

coarser grain size than the base 17% Cr higher interstitial content steel

(Fig 60b) . The aspect ratio of the recrystallised grains in the niobium
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steels was much less at all reductions, i.e. the grains were less pancaked.
In the niobium steels, the grain size was finer in the higher interstitial
content steel which was also much less sensitive to variations in the amount

of cold work.

The 25% Cr low (C#N) steel (Fig 60c) had a slightly finer grain size than

the 17% Cr steel after 75% reduction and was much less sensitive to variations
in the amount of cold work, while additions of molybdenum decreased the

grain size, particularly at 35% and 50% reduction, due to a more uniform

distribution of M particles.

23c6

8.5.4 The Effect of Annealing Temperature on the Grain Size

Figure 61 illustrates the effect of annealing temperature on the grain size
after 75% reduction. Annealing the 17% Cr low (C#N), the 17% Cr low (C+N)
+ Ti and the 25% Cr steels below 690°C increased the grain size (Fig 6la)
which coincided with the marked decrease in recrystallisation rate found in
these steels. In the 25% Cr steel, slight increase in grain size was

observed after annealing above 750°C.

Annealing the molybdenum and niobium steels below 750°C (Fig 61b) increased
the recrystallised grain size. The ferrite grain size in these steels
was found to increase progressively with decreasing temperature. This
increase in the grain size was because of a decreased nucleation rate at
lower annealing temperatures. The nucleation rate decreased proéressively

with decreasing annealing temperature resulting in the progressive increase
in the grain size. Thc decreased nucleation rate was because of a
precipitation-recrystallisation interaction which pinned the subgrain
boundaries, Because of the sequential unpinning of subgrain boundaries, the

time available for growth of the first nucleated grains was increased resulting
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in an increased grain size. At lower annealing temperatures, the rate of
particle coarsening decreased, therefore the time available for growth of
the first nucleated grains increased still further resulting in further

decreases in the nucleation rate and an even coarser grain size.

In the molybdenum steels, the 25% Cr steel showed a much greater increase in
grain size than its 17% Cr counterpart (Fig 61b). This may be due to an
increased supersafuration effect in the 25% Cr steel. Annealing at
temperatures above 750°C resulted in slight increases in the grain size of
the 25% Cr base steel. This is because of an increased growth rate at

high temperatures.

8.5.5 The Effect of Temperature on Recrystallisation (Activation Energies)

Recrystallisation in ferritic stainless steels was especially retarded at the
lower annealing temperatures so that there was an increased activation energy
for recrystallisation. Since all steels exhibited this effect, only
differences between individual steels will be described. Typical values

for activation energies are given in Table V.

Increasing the chromium content from 17% Cr to 25% Cr increased the activation
energy for recrystallisation (Fig 62). After 35% reduction, the 25% Cr

steel showed an increased activation energy, after annealing at below 720°C.
However, at 75% reduction both steels showed an increased activation energy

after annealing below 690°C.

Increasing the interstitial content increased the activation energy for

recrystallisation (Fig 63).

At the lower interstitial level, additions of molybdenum increased the



activation energy for recrystallisation at both chromium levels (Fig 64).
This was presumably due to the marked plateau effect between recovery and
recrystallisation found in the steels. In fact the incubation period for
recrystallisation coincided with the end of the plateau at all temperatures.
In the 25% Cr-Mo steels, annealing below 720°C led to an increased activation
energy at all cold reductions. This was in agreement with the increased
retarding effect of molybdenum on recrystallisation at low temperature in

25% Cr steels.

Additions of titanium had little effect on the activation energy in Table V.
At the higher interstitial level, additions of molybdenum increased the
activation energy for recrystallisation. In the molybdenum steels, the

activation energy also increased with increasing interstitial content.

Additions of niobium increased the activation energy at both interstitial

levels.

8.6 TEXTURES

In the hot rolled and annealed condition, the textural components present
were investigated by the inverse pole figure technique. As three different
hot rolling reductions were used to give a constant sheet thickness, after
three different cold rolling reductions, inverse pole figure data was
determined at these three different hot rolled thicknesses. In the cold
worked and recrystallised conditions, textural development was also followed
using the inverse pole figure technique. The full textures of selected

specimens were determined by normal pole figures.
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8.6,1  'Hot Rolled and Annealed Condition {Figs 66 - 69)

In the hot rolled and annealed condition, little difference was found in ﬁhe
textural components produced by different hot rolling reductions for any
given steel. However slight differences existed between different alloy
compositions. Figures 66 - 69 show typical inverse pole figures. No
really strong texture was observed and on no occasion did the 'P value' of
any component exceed 2. However, in five out of nine steels examined,
the €110} was the strongest component. In alloy (5), the {100% was

the strongest component. However, these differences were gquite small.

8.6.2 The Effect of Cold Work and Composition on Texture Development

Figures 70 - 78 show the progressive changes in texture with increased cold
reduction from 35% to 95% for the four main textural components, namely

{110% , <1113 , J100% , and €211% .

Alloy (1) 17% Cr Low (C+N) (Fig 70)

The €111} component increased progressively with increased cold reduction
to a maximum of P = 3.6 after 75% reduction. Above 75% reduction, the
{111t component decreased significantly with corresponding increase in the

€100} component.

Alloy (2) 17% Cr High (C4N) (Fig 71)

and. higher reductioms
At the higher interstitial content,,the intensity of the {111¥ component

was greater than at the lower interstitial level. The rapid increase in
the €100} component above 75% reductions was not found at the higher

interstitial level.
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Alloy (5) '17% Cr- Low (C+N) + Ti (Fig 72)

Unlike the base steel, the {1113} component was a maximum at 95% reduction
and its intensity was higher, i.e. P = 4.0 compared with 3.6. In this
steel, the €100} component decreased initially up to 35% reduction and then

increased proportionally with increasing cold reduction,

Alloy (7) 17% Cr Low (C+N) + Nb (Fig 73)

The {111Y} component attained a maximum after 95% reduction and its intensity
was much greater than that for the base steel, i.e. P = 4.5 compared with

3.6. The higher intensity of the {111% component was presumably due

to the remnant €111y component in the hot band (Fig 68). The {€100%

component in this steel was much lower than in the base steel.

Alloy (6) 17% Cr High (C+N) + Nb (Fig 74)

At the higher interstitial level, the {111} component attained a maximum
'P value' of 3.6 after 75% reduction. Above this reduction, it decreased

to 2.4 at 95% reduction with corresponding increase in the €100} component.

Alloy (4) 17% Cr Low (C+N) 1% Mo (Fig 75)

In the molybdenum steel, the {111} component reached a maximum value of

3.6 at 90% reduction. Above 90% reduction, this component decreased

slightly with a corresponding increase in the {100} component.

Alloy (3) 17% Cr High (C+N) 1% Mo (Fig 76)

At the higher interstitial content, the {111% component increased
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progressively with increasing cold reduction to a maximum after 82% reduction.
The €100} component increased progressively above 50% and reached a

maximum at 95% reduction.

Alloy (8) 25% Cr Low (CH+N) (Fig 77)

Unlike the 17% Cr low (C+N) steel, the {111% component increased
progressively with increasing cold teduction to a maximum at 95% reduction.
Above 35% reduction, the intensity of the €100% component increased and
was a maximum value of P = 2 at 95% reduction. This was much lower than

in the base 17% Cr steel.

Alloy (9) 25% Cr Low (C+N) 1% Mo (Fig 78)

Unlike the 17% Cr low (C+N) 1% Mo steel, the {111¥ component was a

maximum after 95% reduction and its intensity was greater than that for the
base steel, i.e. P = 4.0 compared with 3.6. Above 50% reduction, the €100}
component increased to a maximum after 95% reduction. However, compared
with the 17% Cr low (C+N) 1% Mo steel, the intensity was low, 2.4 compared

with 2.9.

8.6.3 Summary of Effécts

During cold rolling, the <€110% component decreased progressively with
increasing cold reduction, but the €211% component did not change signifi-
cantly. The ¢€111% component increased progressively with increasing

cold reduction and even after only 35% this texture was quite well developed.

In general the highest intensities of the {1113 component were obtained

in the steels with the highest intensities of the &110% and/or {lll%mzthehothu/

e.g. Alloy 7, 17% Cr low (C+N) + Nb.- This may be explained in terms of
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the €1103 component splitting into two. {111% components, and so higher
{1103 components in the hot band lead to higher €111} components after
cold rolling. With increasing cold reduction, the rate of development of
the ¢€111% component decreased and in some steels, it actually decreased
slightly at the higher reductions with a corresponding increase in the €1003
component. The ¢100% component did not develop so rapidly as the €111}
component and in steels with a remnant ¢100¥ component in the hot band,
e.g. Alloys 1, 2 and 5, this component did not increase at all initially.
Above 50% reduction, the {100} component increased progressively with

increasing reduction to a maximum after 95% reduction.

8.6.4 Deformation Textures (Full Pole Figures)

At a constant cold reduction, the deformation textures in ferritic stainless
steels were similar irrespective of composition, differing only slightly in
degree. Therefore only typical examples of these textures have been
illustrated. Examples of €200} pole figures for deformation textures

are illustrated in Figures 79 - 81.

Figures 79a,b,c show the deformation textures developed in a 17% Cr high (C+N)
steel after 35%, 50% and 75% cold reduction. After 35% reduction, the
texture can be described as mainly {1113 <112» and £100%<011*> with
rotational freedom about both the sheet normal and rolling direction. With
increasing cold reduction, the €111¥ <112> component decreased and was
replaced by some ¢€111% €110> and €112% <1lo» components while the

€100} <01l > component increased. After 75% reduction, the major texture
was a strong {100¥<0ll> (4 times random) with a minor {112} <110>

component,

Figures 80a,b,c show the deformation textures developed in a 17% Cr low (C+N)
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steel after 35%, 75% and 95% reduction. After 35% and 75% reduction, the
textures were similar to those at the higher interstitial level. After
95% reduction, this steel may be described as a very strong {lOO}~<Oll>

texture (4.5 times random) with a {112%< 110> component.

Figure 81 shows the deformation texture developed in a 17% Cr low (C+N) + Nb
steel after 95% reduction. This steel may be described as a strong

{1003 <011» (3 times random) with a €112%<110% component.

The stronger {1003 0ll> component in the base steel compared with the
niobium steel agrees with the stronger {1008 component found in the inverse

pole figure work for this steel.

To summarise, at the lower reductions, the development of a §111§ <112>
component was favoured, but with increasing cold reduction, this tended‘to be
replaced by {€111% <110%* , {112%<110> and {100%< Oll> components.

In general, the effect of molybdenum, titanium, niobium and chromium content

had little influence on the type of cold rolling texture developed.

8.6.5 Recrystallisation Textures

Figures 82 -~ 90 show the effect of cold reduction on the recrystallisation
textures developed in ferritic stainless steels of different alloy compositions.
In some steels, after 35% reduction, recrystallisation increased the {110}
component and decreased both the {111¥ and {1003 components. In those
steels, this was particularly the case for the {1113 component which
decreased quite markedly at the expense of the ¢&110% component. With
increasing cold reduction, the €1103 component decreased. The majority

of steels also showed a decrease in the {1113 and {1003 components

during recrystallisation after 35% reduction and in general the {111§
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component decreased more than the {lOO}F component. With increasing cold
reduction, the €1113% component increased and in some steels, it exceeded

that of the cold worked condition after 75% reduction. Above 95% reduction,
however, its intensity decreased in some cases. In general the {100%
component decreased progressively with increasing cold reduction to a minimum
after 95%. However, in all steels, <100¥ component decreased progressively
relative to the cold worked condition with increasing cold reduction. Thus
the §111% - component increased at the expense of the {100} component with

increasing cold reduction.

Alloy (1) 17% Cr Low (C+N) (Fig 82)

The effect of cold work on the recrystallisation textures formed in the base
17% Cr low (CHN), after annealing at 800°C, shows that after 35% reduction
recrystallisation had increased the €110 component and decreased §111%

and <€1003 components, particularly the {1113 component. With increasing
cold work, the £1103 component decreased and the €1113% component increased
to a maximum at 95% reduction. However, even after 75% reduction; the

£111% component was weak, i.e. P = 2.9, and it was only at reductions greater
than 83% that it exceeded the intensity of the cold worked condition. The
{1008 component decreased progressively with increasing cold reduction to a

minimum after 95% reduction.

Alloy (2) 17% Cr High (C#N) (Fig 83)

The effect of cold work OGn recrystallisation texture formation after annealing
at 800°C is shown in Figure 83, The intensity of the {1003 component

increased considerably after annealing, P 2.7 compared with P 1.4, in the 35%
cold worked condition. With increasing cold reduction, the {1003 component

decreased in the recrystallised condition and above 75% reduction it remained



constant. The higher the interstitial content, the greater was the {100%

component.

Above 82% reduction, however, the £1115 component exceeded that of the
cold worked condition and at all reductions, the ¢€1113 component in the
higher interstitial content steel exceeded that of the lower interstitial
content steel, in the recrystallised condition. The {1103 component was

not changed significantly by recrystallisation.

Alloy (7) 17% Cr Low (C+N) + Nb (Fig 84)

The effect of cold work on the recrystallisation texture in the 17% Cr low
(C4N) + Nb steel after annealing at 990°C is shown in Figure 84 .. The

higher temperature of 990°C was used because of the sluggish recrystallisation
in niobium steels. After 35% reduction, the {1113 component decreased
slightly compared with the cold worked condition, but this decrease was less
marked than in the base steel. The {111y component increased progressively
to a maximum value after 90% reduction, but the {1003 component remained
approximately constant. Above 90% reduction, the {100% component, however,
increased slightly at the expense of the {llls component. The {1103

component remained almost unaltered during recrystallisation.

Alloy (6) 17% Cr High (C+N) + Nb (Fig 85)

The effect of cold work on the recrystallisation texture in the 17% Cr high

(C+N) + Nb steel after annealing at 990°C showed that the {111y component
increased to a maximum after 95% reduction. However, compared with the

lower interstitial content niobium steel, the 'P value' of the (lli} component
was low. Unlike the base 17% Cr steel, it did not show the considerable

increase in (1od) component compared with the unannealed condition, at
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low reductions. ~ Above 50% reduction, the €1003 component increased

and reached a maximum at 95% reduction.

Alloy (5) 17% Cr Low (C#N) + Ti (Fig 86)

The effect after annealing at 800°C showed that titanium was similar to
niobium at the lower interstitial level. The titanium steel did not show
an increase in {1003 component above 90% reduction. Clearly both
additions of titanium and niobium at the lower interstitial level favour

the development of a strong {lll} component after recrystallisation.

Alloy (4) 17% Cr Low (C+N) 1% Mo (Fig 87)

After annealing at 850°C, the {1113 component reached a maximum value at

95% reduction, but the {JLKVB component decreased with increasing cold
reduction to a minimum after 95% reduction. As with additions of titanium
and niobium, molybdenum added to a‘l7% Cr low (C+N) steel favoured the
development of a strong {1113 component. However, at the lower reductions,

it was not so effective as niobium or titanium.

Alloy (3) 17% Cr High (C4N) 1% Mo (Fig 88)

In. contrast to the base steel, the molybdenum steel annealed at 850°C did

not show the increase in the $10QY component after 35% reduction. In fact
the intensity of both 100% and €111} components decreased after 35%
reduction. The ¢1113 component reached a maximum value after 90% reduction
and exceeded that of the unannealed condition after 75% reduction. The

€003 component was approximately constant up to 90% reduction and increased
slightly at the expense of the {111} component above 90% reduction.

Compared with the lower interstitial content, this steel did not show such



a high 41113 {1003 ratio. However, in general, it showed a higher
{llIB : ilOOB ratio than either the base steel or the niobium steel at the

higher interstitial level.

Alloy (8) 25% Cr Low (C+N) (Fig 89)

After 35% reduction and annealing at 800°C, the steel behaved in a similar
manner to the 17% Cr low (C+N) steel. The {110} component was not so
intense in the 25% Cr steel as in the l7% Cr steel. Although the base
25% Cr low (C4N) steel behaved similarly to the 17% Cr low (C4N) at the
lower reductions'with increasing cold reduction, the ¢1113¥ component was

increased in the 25% Cr steel. The {100Y% component decreased with

increasing cold reduction.

Alloy (9) 25% Cr Low (C+N) 1% Mo (Fig 90)

At 35% reduction, these alloys behave similarly to the 25% Cr base steel.
With increasing cold reduction, the {lll} component was increased compared
with the base steel. The {100} component decreased progressively with

increasing cold reduction.

8.6.6 Recrystallisation Textures (Full Pole Figures)

A number of {200} pole figures were determined for different alloy
compositions after recrystallisation. Since titanium and niobium showed
similar textures after 35% and 50% reduction, only data for the niobium

steel has been illustrated.

Figures 9la-d show the recrystallisation textures developed in a 17% Cr low (C+N)

-steel after 35%, 50%, 75% and 95% cold reduction and annealing at 800°C.
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After 35% reduction, the major textural component was a {1103 <001> (3.5
time random) with a minor {100§%< 011> (2 times random). These were still
the major components after 50% reduction. The strqﬁg {1103 < 001 > component
found after 35% and 50% reduction was in agreement with the marked increase

in the <1103 component found in the inverse pole figure data. After 75%
reduction, the strong {1105 < ool > component disappeared with a corresponding
increase in the <111%<112 » component. There waé considerable rotational
freedom about the sheet normal. The {1003 <0l1?> component was the major
component.at 2.5 times random, with extensive rotational freedom about the
rolling direction. Afte;r 95% reduction, the {111% <112» component

increased and was now equal in intensity to the L1005 < 011 » component.

Figures 92a-c show the recrystallisation textures developed in a 17% Cr high
(C+N) steel after 35%, 50%, and 75% cold reduction and annealing at 800°c.
After 35% cold reduction, the major component was {100'5<Oll> at 3.5 times
random. After 50% reduction, the {1003 < 0ll» was still the major
component at 2.5 times random, with a minor <€1113 <112» component. With
increasing cold reduction, the ¢111% <112» component increased to 2 times
random with extensive rotational freedom about the sheet normal. The
intensity of the f,'LOOS < 0ll> remained virtually constant at 3.0 times random

with extensive rotational freedom about the rolling direction.

Figures 93a~c show the recrystallisation textures in a 17% Cr low (C+4N) + Nb
steel annealed at 990°cC. After 35% reduction, no texture component was
particularly strong and the texture may be described as a €111% <112»> (2 times
random) with {100%< 011> and {110}< 0Ol» components, with rotational
freedom about the sheet normal and rolling directions. At 50% cold reduction
the intensity of the {111%< 112> increased from 2.0 to 2.5 times random

and after 75% reduction, the texture was characterised by an even stronger

€111y <112 » texture with rotational freedom about the sheet normal. A
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weak {100¥ < 011l » texture with rotational freedom about the rolling

direction was also present.

Figure 94 shows the recrystallisation textures in a 17% Cr low (C+N) + Ti
steel after 75% reduction and annealing at 800°c. The texture developed
was similar to that for the 17% Cr low (C4N) + Nb steel after 75% reduction.
It is evident from Figures 93 and 94 that additions of titanium and niobium

favour the development of a strong (111} <112» texture.

The remaining five alloys, after 75% reduction, had textures which could be
described as a {llll; <112% component with rotational freedom about the
sheet normal and a {100¥ <0l11> component with rotational freedom about the

rolling direction.

Figure 95 shows the recrystallisation textures in a 17% Cr high (C+N) + Nb
steel after 75% reduction annealed at 990°C. Unlike the lower interstitial
niobium steel, it was not characterised by as strong a €111% <112 » texture.

The texture may be described as a {1113 <112> and {100}< 01l>.

The development of recrystallisation textures in 17% Cr molybdenum steels
after 75% cold reduction is shown in Figures 96 and 97. At the lower
interstitial levei, the texture was a major {1113 €112» component (2.5 times
random) with a €100} €0l1% component (2.0 times random) . Compared with
the base steel, the 111} : {1003 ratio was higher in the molybdenum steel,
but was not so high as in the titanium or niobium steels at the . lower
interstitial level. At the higher interstitial level, unlike the base
steel, the texture was not characterised by a strong {1003 < 011> component.
The major component was €111} <112> (2 times random) with a {100% <011>
component (1.5 times random). Clearly, additions of molybdenum favoured

the development of ¢€1118 <1125 during recrystallisation; however, they



were not so effective as titanium or niocbium at the lower interstitial

level.

A {2005 pole figure for a 25% Cr low (C+N) steel after 75% cold reduction
annealed at 800°C is shown in Figure 98. Unlike the base 17% Cr low (C+N)
steel, the 25% Cr steel showed a major {1113 <112> component (2 times

random) with a <€100% < 011> component (1.5 times random).

Figure 99 shows the recrystallisation texture in a 25% Cr low (C+N) 1% Mo
steel after 75% reduction annealed at 850°C. The addition of molybdenum
had increased the intensity of the {1113 <112» component (3.0 times random)
compared with the base 25% Cr low (C+N) steel. A {1003 <0l11> component
was also present. Clearly molybdenum additions again favoured the devel-

opment of a {111§<112>texture.

8.7 MICROSTRUCTURAL FEATURES

Microstructural features were examined both optically and by electron micro-
scopy. The features observed were used to interpret some of the kinetic

and textural work.

8.7.1 Cold Work Condition

Metallographic examination of the cold worked condition showed that some
matrix grains contained distinct bands or striations whereas others did not.
After 35% reduction (Fig 10Oa) some grains showed distinct parallel bands.
Examination under polarised light (Fig 100b (1) and (2)) showed these to be
deformation bands. After 75% reduction, individual matrix grains showed that
grains containing deformation bands were harder than those without such bands.

(Fig 100c). Typical microhardnessvalues are given in Table VI. Thin foil
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electron microscopy showed that cell formation typical of bcc metals was
observed in regions of relatively low misorientation (Fig 100d4). In other
regions, deformation banding was observed (Fig 10Oe) and in these regions,

the misorientation across subgrain boundaries was high.

8.7.2 Recovery and Recrystallisation

During recovery, matrix grains containing deformation bands tended to recover
more rapidly (Fig 101). These grains also tended to be the first to
recrystallise even in alloys containing nucleating particles, e.g. the
titanium and niobium steels. Recrystallisation was often completed in

these regions before nucleation had started in other grains. Optical
microscopy showed the predominant sites for nucleation of recrystallisation

to be deformation bands, second phase particles and grain boundaries.

Electron diffraction showed that the predominant orientations found at
deformation bands were {lldx* ’ {ilikd R and {1003“ parallel to the

foil plane, i.e. rolling plane. The former was predominant at lower
reductions, while the latter orientations were predominant after 75% reduction.
At second phase particles, the predominant orientation at the particle/ferrite
interface after short annealing times was £111§, parallel to the rolling
plane, while at grain boundaries, it was €lOO}$ parallel to the rolling
plane. Electron microscopy showed evidence for nucleation by a subgrain
growth mechanism (Fig 102a), and the recrystallisation generally occurred

by nucleation and boundary migration (Fig 102b). Recrystallisation by
subgrain growth took place most rapidly in grains with {1113* éarallel to

the rolling plane.

17% Cr. Low:  (C+N)

After annealing for 30 seconds at 655°C, precipitation was observed at subgrain
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boundaries (Fig 103a). These precipitates were identified as M At

23%-
higher temperatures, e.g. 720°C, recrystallisation had started before
precipitation occurred. In regions where particles were present prior
to cold work, e.g. tempered martensite regions and the ferrite/martensite
interface, a fine recrystallised grain size was observed (Fig 103b). This
was because of grain boundary pinning by fine second phase particles which
were identified as M23C6'

After 35% reduction (Fig 103c) nucleation for recrystallisation was associated
with deformation bands and grain boundaries. At deformation bands,
nucleation took place at the matrix/deformation band interface. Electron
microscopy showed that {11034 orientations parallel to the rolling plane
were associated with deformation bands. A high proportion of grains
nucleated at or near to the grain boundary had {1003‘ orientations

parallel to the rolling plane. Enhanced nucleation took place at the

grain boundary (Fig 103d) and nucleation appeared to be associated with

M23C6 precipitates at the grain boundary. In Figure 103d, recrystallisation
occurred in a {100}‘ matrix grain parallel to the rolling plane while the
adjacent {llﬁ%* matrix grain was just beginning to recrystallise at the
grain bbundary. The grain boundary precipitates pinned the grain boundary
between matrix grains A and B, thus preventing migration of recrystallised
grain A into matrix grain B. In the fully recrystallised condition, the

grain size was very variable (Fig lO3e).

After 75% reduction early nucleation was associated with matrix grains
containing deformation bands (Fig 103f). Nucleation took place in

colonies parallel to the bands. The grain size associated with these
grains was very fine and recrystallisation was often completed in some matrix
grains before others had started to recrystallise (Fig 103g). Figure 103h

shows a {llO}d oriented grain in a region of {llihx oriented subgrains
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and recrystallised grains. The elongated nature of the grain indicated

that it originated from a deformation band.

The E@Dﬂ direction in the recrystallised grain, grain A, is approximately
parallel with the [iig]‘ direction in the matrix. This indicates that
the recrystallised grain had a {1103 <001> texture while the matrix had

a {lllﬁ <112> texture. It is thought that during rolling, the {lllb
<112 > deformation texture formed from a {1103-<ool> texture in the hot
band by rotation about a common < 110» tranverse direction, i.e. D_]_.O] .
This resulted in small amount$of remnant transition band of {110¥< 001>
orientation. During recrystallisation, the recrystallised grain, i.e.
grain A, nucleated at the transition band, resulting in a {1103 <00l >

recrystallised grain.

17% Cr High (C+4N)

This steel had a two phase structure of ferrite and austenite after annealing
at lOOOOC, and the austenite during cooling transformed to martensite.

This was subsequently tempered after annealing at 7500C.> Therefore, the
microstructural effects in this steel may be divided into two types, i.e.
‘those occurring in the tempered martensite, and those occurring in the ferrite.
After 35% reduction, recrystallised grains were not observed in the prior
martensite regions until after annealing for four hours at 690°C. In the
ferrite many matrix grains had recrystallised after the same annealing timé.
Recrystallisation occurred predominantly by grain boundary nucleation. At
higher temperatures, nucleation was easier. Figures 104a, b, and c¢ show
the microstructural changes after 35% reduction and annealing for 1, 4 and

32 minsat 750°C. After annealing for 1 min at 75000, nucleation occurred at
grain boundaries and at the ferrite/martensite interface (Fig 104a). After

this treatment, recrystallisation nuclei were also present at deformation
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bands, but the grain boundary sites predominated. No recrystallised grains
were observed in the tempered martensite regions. The predominant mode

of nﬁcleation was still at grain boundaries, after annealing for 4 mins at
750°C, and the tempered martensite regions were beginning to temper further
(Fig 104b) .After 32 mins at 750°C (Fig 104c), the tempered martensite regions

were diffuse, and grains were observed within these regions.

The amount of resolvable carbide within the ferrite grain had also increased.
With increasing cold reduction, the rate of tempering of the tempered

martensite increased.

Electron microscopy showed that the predominant sites for nucleation of
recrystallised grains were at the ferrite/carbide interface in the tempered
martensite and at grain boundaries in the ferrite. In the tempered
martensite regions recrystallisation was enhanced compared with the lower
interstitial level; compare Figufe 105a and 105b. In fact even at
temperatures as low as 620°C, recrystallisation started at the ferrite/
carbide interface afteernly 30s. At all temperatures, nucleation took
place at the ferrite/carbide interface of the coarser carbides (greater than

2376°
found at the ferrite/carbide interface was flll}i parallel to the rolling

%fam). These were identified as M,.C The predominant orientation

plane, but other orientations such as {1od}$ and {Bll}x parallel to the
rolling plane were observed. In fact in several cases, more than one
orientation was found to nucleate at the same particle (Fig 10O5c).

Examination of the cold worked state showed that a range of orientations

was present near to carbides. Although early recrystallisation was

enhanced in these steels, after much longer annealing times no further grain
growth had taken place, After annealing for 125 h at 620°C (Fig 105d) and after
32 mins at 69o°C,(Fig 105e), fine recrystallised grains were in evidence

in regions of high particle density. The grain boundaries were pinned by fine
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particles of M23C6 approximately 0.2§/Am in diameter. In these prior
martensite regions, further séftening took place by a secondary rec;ystal—
lisation mechanism, following the unpinning of grain boundaries. (Fig 105f) Thus,
fine recrystallised grains could not be resolved optically in the tempered

martensite regions even after long annealing times.

In the ferrite grains, recrystallised grains nucleated at or near to matrix
grain boundaries had a high incidence of {10024 orientations parallel to

the rolling plane. (Fig 105g) Recrystallisation took place in a grain of
{1003d. while the adjacent matrix gtain {llikd was just beginning to
recrystallise. There was also evidence of precipitation on the substructure
and even after four minutes at 720°C, very little recovery was in evidence.
The ferrite grains did not recrystallise so readily. In fact in these
regions recovery was still taking place after 125 hours at 620°C (Fig 105h).
Clearly in the ferrite grains where no coarse particles were present,

recrystallisation was retarded at the higher interstitial level.

17% Cr Low (C+N) + Ti

Electron microscopy of this steel after 35% reduction showed a well developed
polygonised structure after annealing for {0 seconds athZOOC (Fig 106a).
The subgrain size was always coarser than that of the base steel, compare

Figure 1lO6a with Figure 106b.

Nucleation occurred preferentially at the ferrite/Ti (CN) interface, (Figs 1l07a
and b). Nucleation of recrystallised grains was also observed at deformation
bands. Recrystallisation nucleation took place after annealing for only

30 seconds at 620°C. Nucleation occurred adjacent to the particle while

the surrounding substructure was just beginning to recover. The orientation

of the grain nucleating at the ferrite/Ti (CN) interface was {lll}gh parallel
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to the rolling plane. In fact a high proportion of grains nucleating

adjacent to particles had this orientation.

Another preferred site for nucleation in this alloy was at matrix grain
boundaries. However, unlike the previous alloys it occurred by grain
boundary migration, not dissimilar from strain induced boundary migration
(Fig l07c). Electron microscopy showed that, unlike the base steel,
migration occurred across Fhe matrix grain boundary into the neighbouring
grain (Fig 1074d). Electron diffraction patterns of matrix grains A and B
and recrystallised grains 1 and 2 showed that matrix grain A was related to
B by a 30° rotation about the {llll* sheet normal. The orientation of
the recrystallised grain was within the 30° orientation spread. Although
nucleation was observed at grain boundaries, there was no evidence of strain

induced boundary migration in the specimens examined by electron microscopy.

The Niobium Steels

In these steels, nucleation of recrystallised grains occurred at the ferrite/
Nb(CN) interface (Figs 108a-and b). Nucleation at the particles occurred
more readily at the higher interstitial content, particularly at the, lower
reductions. This may be because of a lower degree of recovery prior to
recrystallisation, at the higher interstitial level, i.e. a greater driving
force. Electron microscopy showed that in both steels, the common
orientation adjacent to Nb(CN) particles was a {lll}d\ parallel to the
rolling plane (Fig 108c). At the higher interstitial content, recrystal-
lisation nucleation also took place at chromite inclusions (Fig 108d).
Nucleation was also observed at matrix grain boundaries, After annealing
at 750°C, precipitates were observed at subgrain boundaries, and were

identified as Nb(CN) (Fig 108e).
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17% Cr Low (C+N) 1% Mo

Figures 109a and b show the stages of récovery, after 35% reduction and
annealing at 690°c. In Figure 109a after annealing for 30 seconds,
recovery had started and there was evidence of the formation of subgrain
boundaries. After annealing for 2 minutes, low angle grain boundaries
typical of a polygonised structure were in evidence (Fig 109b). Longer
annealing times showed no.significant increase in the subgrain size, even
after annealing for 16 mins at. 690°C. Figure 109c shows evidence of
precipitation at subgrain boundaries, which had presumably pinned the
boundaries. After 75% reduction, pinning was in evidence at subgrain
boundaries (Fig 109d) .and éhe precipitates were identified as M23C6' In

some regions pinning was in evidence by fine M23C6 present before cold work

(Fig 109e).

Recrystallisation at all reductions took place preferentially at bands of
carbides of previous grain boundary origin (Fig 109f). Electron microscopy

(Fig 109g) showed evidence of recrystallisation at the ferrite/M interface

23%
and electron diffraction showed that a high proportion of grains nucleated
adjacent to M23C6 had <4111} orientations in the plane of the foil.

17% Cr High (C4N) 1% Mo

Figures 11l0a~d show a sequence of micrographs, cold worked and annealed for
%, 2 and 8 mins at 690°C. Compared with the lower interstitial content
molybdenum steel, very little recovery had taken place. In fact the
-structure was not changed appreciably by annealing and even after annealing

for 8 minutes at,69o°c, no significant change was observed.

Figures 1llla and b show the microstructural changes after 35% reduction and
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annealing for 8 mins and 32 mins at 7500C.The micrographs show that
precipitate coalescence in the tempered martensite regions was required
before nucleation. The rate of particle coalescence increasedwith
increasing cold reduction And annealing temperature. However, unlike the
base steel, nucleation was observed optically in the tempered martensite
regions, and recrystallisation proceeded by a grain boundary migration
process. The nucleation rate was very high in the tempered maftensite
regions which were always the first to recrystallise. Nucleation also
occurred in the ferrite at grain boundaries and at particles of previous

grain boundary origin.

Electron microscopy showed that nucleation took place at the ferrite/carbide
interface (Fig 1lllc) and the predominant orientation adjacent to particles
was {lll}d. parallel to the rolling plane. However, in this steel
recrystallisation nucleation in the regions of M23C6 was not so prolific,
and after short annealing times tended to be associated only with M23C6'
Pinning of fine recrystallised grains was in evidence by particles 0.05 -

0.2/4m in diameter (Fig 1114d).

25% Cr Low (C+N)

Unlike the 17% Cr steel, nucleation took prlace at carbide particles at all
reductions (Fig 11l2a). The particles were distributed in bands clearly
of some prior grain boundary origin. Electron microscopy (Fig 112b) showed

evidence of precipitation at subgrain boundaries.

25% Cr Low (C+N) 1% Mo

Figures 113a and b show the stages of recovery after 35% reduction and

annealing at 690°cC. After annealing for 30 seconds, recovery had started
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and there was evidence of the formation of subgrain boundaries. Annealing
for 2 minutes gave low angle grain boundaries typical of a polygonised
structure. Further annealing showed no significant increase in the subgrain

size, even after 16 mins at 690°C.

As with the base steel, recrystallisation nucleation took place at bands of
carbide of obvious prior grain boundary origin (Fig 113c). Electron
microscopy showed evidence of precipitation at subgrain boundaries after

annealing for 1 min at 690°C (Fig 1134d).

. 8.8 MECHANICAL AND FORMABILITY TESTS

8.8.1 Annealing treatments

All the specimens for mechanical and formability tests were annealed to give
a fully recrystallised structure. Annealing treatments were chosen on

the basis of the inverse pole figures,i.e. the treatment that gave the
highest {1113 : {lOOB ratio. bThe annealing treatments given to each

alloy are included in Table VII.

8.8.2 Effect of Cold Work and Composition on the r Value

and r values

Figures ll4a-j show the effect of cold reduction on ror Tasr Tgg

for the nine alloys studied.

In general the average r value, r , increased with increasing cold rolling
reduction. With the exception of alloy (2) (17% Cr high (C+N) steel), the

maximum r value always occurred at r and in general exceeded unity even

%0
after only 35% cold rolling reduction. Alloys (1), (8) and (9) (i.e. 17% Cr

low (C+N), 25% Cr low (C+N) and 25% Cr low (C+N) 1% Mo steels) showed a
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maximum 90 after 50% reduction. In .contrast to the other alloys examined,
the maximum r value in the 17% Cr high (C+N) steel after 35% reduction was

at r After 75% reduction, the r value was not affected by interstitial

45°
content. Additions of titanium and niobium at the lower interstitial level
favoured the development of higher r values than those in the base 17% Cr
steel. The higher interstitial content niobium steel did not produce such
high r values as the lower interstitial content niocbium steel, but the r
values were higher than in the higher interstitial content base 17% Cr steel.
Increasing the chromium content increased the r value after 75% reduction.

Additions of molybdenum favoured the development of higher r values at both

interstitial and chromium levels.

8.8.3 The Effect of Texture on r Value

Ti111)

A graph of r value versus log,y 7

is shown in Figure 115. A
(1o0)
regression analysis showed that :

Ti111)
(100)

r = 0.36 loglo + 0.77

(82)

at 95% confidence level.

The correlation coefficient was +0.86 indicating a high degree of correlation.
Clearly increasing the intensity of the {111} component and/or decreasing

the {loo} component favoured the development of high r values.

In Table VIII, the values for r , r

o’ Ta5' Yoo and r and the LDR together with

the values of P have been included for each alloy. In Table IX, the

(hk1)
values for r and LDR have been calculated in terms of texture parameter

regression equations, i.e. Equations 82 and 84, for the nine alloYs studied

at 35%, 50%, 75%, 82%, 90% and 95% reduction. This shows generally the
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beneficial effect of high cold reductions in the development of recrystal-

lisation textures for good deep drawability.

8.8.4 Mechanical Properties

The values of yield stress, uniform elongation,EJL and grain size are given
in Table X. These parameters are represented in terms of the average of

the three directions relative to the rolling direction.

i. The Effect of Composition

The effect of composition has been described only after 75%

reduction.

The Effect of Interstitial Content at 17% Cr

Yield stress and yield extension increased with decreasing
interstitial content (Fig 116). This was because of the finer
recrystallised grain size in the lower interstitial content which
increased the yield stress to a much greater extent than increases
in interstitial content. The latter effect was presumably
because of the limited interstitial solubility. However, no
explanation can be offered for the finer recrystallised grain

size at the lower interstitial level.

The uniform elongation decreased slightly with increasing inter-
stitial content because increasing the interstitial content increases

the flow stress relative to the work hardening rate.
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The Effect of Chromium Content- (Fig 116)

Increasing the chromium content from 17% to 25% increased the yield
stress, in spite of the coarser grain size of the 25% Cr steel,
because of solid solution hardening. In the higher chromium
content steel, the yield extension decreased because of a coarser

grain size.

The Effect of Molybdenum at the Lower Interstitial Level (Figs-117,118)

Additions of molybdenum increased the yvield stress at both chromium

levels because of solid solution hardening by molybdenum.

The Effect of Molybdenum at the Higher Interstitial Level (Fig 118)

Additions of molybdenum increased the wield stress and yield

extension compared with the base steel because of solid solution
hardening by molybdenum and a finer grain size. However, molybdenum
decreased the initial work hardening rate compared with that of the
base steel because of a smaller volume fraction of second phase

particles.

In the molybdenum steels, increasing the interstitial content
increased the yield stress, yield extension and work hardening rates.
The yield extension and yield stress increased because of the finer
~grain size at the higher interstitial content. The increased
initial work hardening rate was because of the increased volume
fraction of second phase particles at the higher interstitial level.
The uniform elongation decreased slightly with increasing interstitial

content because increasing the interstitial content increased the
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flow stress relative to the work hardening rate.

The Effect of Titanium (Fig 119)

Additions of titanium decreased the yield stress and yield extension
compared with the base 17% Cr steel because of a coarser grain size
in the titanium steel, and because titanium removed some of the
carbon and nitrogen from solid solution,. theréby reducing the

solid solution hardening effects of the interstitial atoms. The
addition of titanium however was insufficient to inhibit the
discontinuous yield point by removing all the carbon and nitrogen

from solid solution.

The Effect of Niobium at the Lower Interstitial Content

The niobium steel behaved in a similar manner to the titanium
steel (Fig 119). However, additions of niobium did not reduce
the yield stress to the same extent as titanium, eventhough the
steel had a much coarser grain size. This indicates one of two

possibilities :

a. The niobium was not as effective as titanium in removing
carbon and nitrogen from solution;
b. Some solid solution hardening was present from excess

niobium in solid solution.

Niobium additions decreased the yield extension, because of the
coarser grain size compared with the base steel, but were

insufficient to inhibit the discontinuous yield point.
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The Effect of Niobium at the Higher Interstitial Content

Additions of niobium had little effect on the yield stress and
yield extension (Fig 120), but caused a lower initial work
hardening rate as a result of a smaller volume fraction of second
phase particles. Niobium additions increased the uniform
elongation because in the base steel, the flow stress increased
relative to the work hardening rate when compared with the niobium

steel.

In the niobium steels, increasing the interstitial content had
little effect on the yield stress in spite of the finer grain size
at the higher interstitial level. This was due to a difference
in the Nb:(C+N) ratio in the two alloys, the Nb: (C+N) ratio of the
lower interstitial level was 15:1 compared with 8.5:1 at the
higher interstitial level (see Fig 139), thus the amount of niocbium
in solid solution was greater at the lower interstitial level.
Therefore the solid solution hardening by niobium at the lower
interstitial level was able to compensate for the grain size
difference between the two steels. At the higher interstitial
level, the yield extension was shorter because of the greater

volume fraction of second phase particles.

The Effect of Cold Reduction

In general, the yield stress and yield extension increased quite

markedly with increasing cold reduction (Fig 121) because the

~grain size decreased.
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Factors Affecting the Limiting Drawing Ratio

ii.

The Effect of Composition and Cold Work on the LDR (Figs 122a-c)

With the exception of the 17% Cr high (C+N) Nb steel, increasing
cold reduction increased the limiting drawing ratio (LDR). In

the base 17% Cr steels, after 35% reduction, the higher interstitial
content steel had a lower LDR than the lower interstitial content
steel. However, at the higher reductions there was no difference
between the two steels. Increasing the chromium content from

17% to 25% increased the LDR above 50% reduction. Additions of
titanium and niobium to a base 17% Cr low (C+N) steel increased

the LDR. At the higher interstitial level, niobium additions
increased the LDR up to 50% reduction, when compared with the base
steel. However, at the higher interstitial level, niobium
additions did not produce such favourable limiting drawing ratios.
Molybdenum additions increased the LDR at both 17% and 25% Cr levels
at both interstitial levels. In fact, in molybdenum steels,

chromium content and interstitial content had no effect on the LDR.

The Effect of Texture and r Value on the LDR

I
Graphs of limiting drawing ratio versus r values and log _(1t1)
(1o0)
are shown in Figures 123 and 124. Regression analysis
showed that :
= 0.26 r + O.
LDR 0.26 r 0.98 (83)
at 95% confidence level
T(111)
LDR = 0.13 1log + 2,17
4
(1o0) (84)

at 95% confidence level
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The correlation coefficients were +0.89 and - +0.75 respectively
indicating a high degree of correlation. Clearly the LDR was
very dependent on r value and texture. Composition appeared

to have little effect, apart from its effect on texture.

8.8.6 The Effect of Cold Reduction and Composition onlr and Percentage
Earing (Fig 125) '

In the majority of cases, both A r values and percentage earing increased
with increasing cold reduction. The 17% Cr high (C+N) steel after 35%
reduction showed a negative value forl&r and earing at 45° rather than 0/90o
to the rolling direction. With increasing cold reduction, the earing mode
became 0/90O anddﬂ r was positive. All the other alloys showed 0/90o
earing and positive values of A r. The lower interstitial content base
17% Cr and 25% Cr steels, and the 25% Cr steel containing molybdenum showed
a maximum value for{Ar after 50% reduction. This was because of a high
90 value in these steels. However, only the 25% Cr steel containing
molybdenum showed maximum earing after 50% cold reduction. In this steel,
however, thelsr value was much greater than in either base 17% or 25% Cr
steels. The 17% Cr high (C+N) 1% Mo steel had a small positiveAr value
after 35% reduction which was also reflected in slight 0/90O earing. The

highl\r values found in the 17% Cr low (C+N) titanium and niobium steels were

not altogether reflected in the percentage earing.

Figure 126 shows the percentage earing versus A;r (degree of planar anisotropy).

A regression analysis showed that :

Percentage earing = 17.4 Ar - 0.17 — (85)

at 95% confidence level.
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The correlation coefficient was ' +0.83 indicating a high degree of correlation.

Photographs showing the earing mode are included in Figure 127.

8.8.7 -Brichsen Tests

The Erichsen values obtained are given in Table XI.,i Values of grain size,
minimum values of uniform elongation and the degree of orange peel are also
included. In general, the maximum Erichsen value occurred after 75% cold
reduction. In contrast to expectations, higher Erichsen values were
obtained at the higher interstitial level in both the base 17% Cr and 17% Cr
1% Mo steels. The 25% Cr steels showed lower Erichsen values than the

17% Cr steel. The above results were in general not reflected in the
elongation. At the lower interstitial level, both titanium and niobium
steels showed high Erichsen values. However, both these steels had
relatively high uniform elongations. At the higher interstitial level,
the Erichsen values were in general slightly lower in the niobium steel than
in the‘base steel, although they had greater uniform elongations. In the
niobium steels, the Erichsen value was greater at the lower interstitial
level, even though the uniform elongations were comparable. The best
correlation was obtained between Erichsen values and the minimum value of Eu.

However, a correlation coefficient of +0.52 represents a poor correlation.
The degree of 'orange peel', as would be expected, increased with increasing
grain size. A photograph showing the degree of orange peel in the Erichsen

tests is included in Figure 128.

‘8.9 FRACTURE

8.9.1 Tensile Specimens

All of the specimens examined failed by a ductile mode of failure. There
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was always considerable necking of the specimens before final failure.

8.9.2 Swift Tests:

With the exception of one steel, the 17% Cr high (C+N) + Nb steel, after 75%
- reduction, there was always considerable necking before fracture. Fracture
always took place at the punch nose radius (Fig 129). Regions of brittle
fracture were observed in the 17% Cr high (C+N) + Nb steel (Fig 130). The
'river markings' appeared to propagate from particles (Fig 130) indicating
that particles acted as stress raisers, thus promoﬁing brittle fracture

locally. The other steels failed by a ductile mode.

8.9.3 Erichsen Tests

Fracture in general took place approximately parallel to the rolling

direction.

17% Cr Low (C+N)

In this steel, the failure mode was ductile. After 75% reduction, regions
of ductile dimples were separated by shear steps (Fig 131). At the lower
reductions, much shear was in evidence between regions of ductile dimples’

because of the coarser grain size.

17% Cr High (C+N)

Again the failure mode was ductile; however, the ductile dimples were finer
and more numerous than in the lower interstitial content steel because of the
increased volume fraction of second phase particles (Fig 132) .at the higher

interstitial level, which acted as nucleation sites for voids. The large
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amounts of shear failure observed at the lower reductions in lower interstitial

content stee%were not observed due to increased void nucleation.

25% Cr Low (C+#N)

Ductile fracture was again the failure mode. After 75% reduction, regions
of ductile dimples were separated by shear steps similar to the lower chromium
content steel. Voids also tended to be arranged in bands (Fig 133a and b)
probably originating from the bands of M_.C_ observed in this steel.

2376

17% Cr Low (C+N) + Ti

This steel failed exclusively by ductile failure.

17% Cr Low (C+N) + Nb

In this steel, the majority of the failure mode was ductile. However,

small regions of brittle failure were observed on the fracture surface (Fig 134).
This may be due to local stress concentrations at niobium carbide particles,
‘which promoted brittle fracture locally. This did not occur in the titanium

steel because of the lower yield stress.

17% Cr High (C+N) + Nb

As with the lower interstitial content niobium steel, small regions of brittle
failure were obsérved. This may again be because of local stress concen-
trations at second phase particles, or chromite inclusions. Figure 135
shows a typical brittle region; note the chromite inclusions on the fracture
surface. After 75% reduction large cracks were observed, at the centre

of the fracture running parallel to the rolling plane Fig(1l36a).These cracks were
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associated with chromite inclusions (Fig 136b). A ‘section through the

fracture showed cracks originating from chromite inclusions (Fig 136c).

17% Cr Low (C+N) 1% Mo

The féilure mode was ductile. However, large cracks were present, at the
centre of the fracture parallel to the rolling plane (Fig 137a). There
was . evidence to suggest that they were associated with bands of carbide
originating from prior grain boundaries (Fig 137b). Many such bands were

observed on the fracture surfaces.

17% Cr High (C4N) 1% Mo

The fracture surfaces were similar to the base steel.

25% Cr Low (C+N) 12 Mo

Regions of brittle failure were observed in all the specimens. After 75%
reduction shear steps were observed similar to those in the base composition.

The fractured specimens contained large cracks at the centre of the fracture,

parallel to the rolling plane (Fig 138a). There was again evidence to
suggest that cracks originated from bands of M23C6' Voids originating from
M23C6 were observed on the shear face (Fig 138b). Many bands of voids

were observed on the fracture surfaces.
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CHAPTER NINE

9. DISCUSSION

9.1 RECOVERY

Before the effects of composition on recovery are discussed for ferritic
stainless steels, general effects of composition on the recovery of o iron
will be considered. Although recovery is a complex: process involving

several concurrent reactions, it can be divided into two stages :

i. The first stage was concerned with the annihilation of dislocations

and the removal of point defects;

ii. The second stage was the formation of low angle grain boundaries

and the migration of these boundaries.

Both stages involve climb, glide and cross slip of dislocations and can
therefore occur only with sufficient thermal activation.

(36) (37)

It has been shown that additions of interstitial atoms retarded the

recovery process in OA iron, which effect was attributed to solute

'atmospheres’ . Additions of manganese(48)(49)

and molybdenum retarded
recovery to an even greater extent. It is generally known that additions
of substitutional elements, e.g. Mn, Cr and Mo, to a low carbon steel

(51)

produced two strain ageing effects. Glen discussed these in terms of
the interaction of solute atoms with dislocations. The first effect

: o
occurred at about 200 C and was as a result of diffusion of carbon and

nitrogen to the dislocations during straining. The second at a higher

temperature was because of the formation of substitution -~ interstitial
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atmospheres which required diffusion of the substitutional solute atoms to

. . - . (14) .
the dislocations. In ferritic stainless steels ' Cr2N particles were
observed at dislocations indicating chromium - interstitial interaction.
It is thought therefore that during the pre-precipitation stage, the
recovery rate will be controlled by the diffusion rate of the substitutional
solute atoms. Precipitation was important only in the second stage of
recovery as precipitates existed only at subgrain boundaries. The effect

of precipitation on both recovery and recrystallisation will be discussed

later.

9.1.1 The Effect of Interstitial Content

After 35% and 50% cold reduction the plateau between recovery and recrystal-
lisation was extended at the higher interstitial level in the base 17% Cr
steel. In fact after 35% cold reduction, annealing the higher interstitial
content base 17% Cr steel at temperatures below 750°C (Fig 31) resulted in

a distinct plateau between recovery and recrystallisation stages. This

plateau however did not occur at a constant hardness.

Electron microscopy showed two distinct microstructures after short annealing

times :

i. In prior austenite regions fine recrystallised grains were
nucleated by coarse M23C6 particles. The grain boundaries were
subsequently pinned by a fine dispersion of M23C6, 0.25,1m in
diameter which was formed during tempering prior to cold working.

ii. In regions free from coarse M,3Cg particles, i.e ferrite grains,

a normal recaovery process was observed.
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In the plateau region further cell growth and hence softening was prevented

by the pinning action of the fine dispersion of M

(62)

23C6 at the grain boundaries

In terms of the Gladman equation, reproduced again for the ease of the
discussion, the critical particles size, r+, for the unpinning of grain

boundaries obeys the following relationship, shown earlier :

* 6R. £ |3 _ 2|7t
T 2 Z

where Ry is the matrix grain radius, £ is the volume fraction of particles

in the microstructure, and Z is the heterogenity factor. Because there
is a critical particle size for a given volume fraction of particles and
giain structure, further grain growth and hence softening can occur only when
‘sufficient particle coalescence has taken place to allow the grain boundaries

(80)

to become unpinned. According to the Wagner diffusion model, particle
growth under conditions of Ostwald ripening may be described by : (shown
earliér)

8 Up D Co Vp

F)? - ) = e
9 RT

where ;c is the average particle radius at time t, r, is the average
particle radius at the onset of particle coarsening, D is the diffusivity
of the atomic species in the matrix, Co is the concentration of the atomic
species in the matrix, Vy is the particle molar volume, Uﬁp is the surface
energy between particle and matrix, R is the gas constant, and T is in
Kelvin. Thus, in a base 17% Cr steel, the rate of growth of M23C6 will

be controlled by the diffusion of chromium, therefore at lower temperatures

the plateau region will be extended because of slower particle growth.

Two reasons may explain why the plateau did not occur at a constant hardness:

a. At lower temperatures, precipitation at subgrain boundaries may



become increasingly important because of an increased supersatur-
ation of carbides and nitrides, and grain boundaries will be pinned
by precipitating particles at a finer grain size. Electron
microscopy showed that particle pinning by dispersed carbides was

still an important mechanism at temperatures as low as 620°C.

b. At higher temperatures, because of the faster diffusion rate of
chromium, some particle growth may take place prior to recrystal-
lisation and result in a slight increase in the interparticle
spacing and hence more growth of the recrystallised grains before

pinning of their boundaries.

The recovery rate increased with increasing interstitial content after 35%

and 50% reduction. This may be accounted for by recrystallisation rather
than a recovery process because recrystallisation was observed at coarse

M23C6 particles aftér very short annealing times. In the lower interstitial

steel this was not the case at the lower reduction.

9.1.2 The Effect of Chromium

At 620°C both the initial rate of recovery and the amount of recovery were
less in the 25% Cr base steel than the 17% Cr steel (Fig 31). This may
be because of an increased supersaturation of carbides and nitrides which
was indicated by the chaﬁge in hardness with annealing time (Fig 34).

It is considered that the beginning of the plateau in ferritic stainless
steels is because of precipitation af subgrain boundaries. In the 25% Cr
steel, the plateau occurred after shorter annealing times indicating an
increased supersaturation of carbides and nitrides. The increased super-
saturation led to chromium-interstitial 'atmospheres' ‘being formed more

rapidly and hence a slower initial rate of recovery at 620°C in the 25% Cr



steel. The increased supersaturation resulted in more rapid precipitation
therefore subgrain boundaries were pinned after shorter annealing times,

which reduced the amount of recovery.

However, after annealing at 690°c (Fig 33), the initial rate of recovery was
faster in the 25% Cr than in the 17% Cr steel after 35% and 50% cold reduction.
The effect of chromium may be discussed in terms of the greater increase in
hardness, AH, after 35% and 50% cold reduction in the higher chromium steel.
At the lower interstitial level, in the base 17% and 25% Cr steels, chromium-
interstitial 'atmospheres' tend to segregate to dislocations during annealing.
Therefore the rate of recovery was dependent on the diffusion of chromium

and on the stored energy. In the 25% Cr steel greater increases in hardness
were found after 35% and 50% cold reduction and therefore an increased rate

of recovery was observed.

9.1.3 The Effect of Molybdenum in the 17% Cr Steels at the Lower
Interstitial Level

.Additions of molybdenum in general decreased the rate of recovery, and
extended the plateau between recovery and recrystallisation. Additions of
molybdenum caused molybdenum-interstitial 'atmospheres' to be formed at
dislocations, rather than chromium-interstitial 'atmospheres' because
molybdenum has a higher affinity for carbon and nitrogen than chromium.

As the rate of recovery depends upon the diffusion rate of molybdenum, the

rate of récovery was slower in the molybdenum steel.

The plateau region formed between recovery and recrystallisation resulted
from the precipitation of M23C6 at subgrain boundaries and the cessation
of subgrain growth. An equation relating subgrain size to particles size

and volume fraction has been obtained(84):
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where dc is the critical particle size for the unpinning of subgrain

rit
boundaries, D is the mean subgrain diameter, f is the precipitated volume
fraction, and t is the size factor in the subgrain.size. Therefore, for
the same particle size, subgrain size and volume fraction of particles, the
critical particle diameter for unpinning of subgrain boundaries will be the
same. The particles precipitated in both the base 17% Cr and the molybdenum
steels were identified as M23C6' However, in the molybdenum steel, the
lattice parameter of the M23C6 was slightly larger indicating molybdenuﬁ
dissolved in the carbide. In terms of Equation 15, the rate of particle

growth depends upon the diffusion of the substitutional solute atom in the

high chromium ferrite.

In the base 17% Cr steel, this was determined by chromium, while in the
molybdenum steel by molybdenum. Because the diffusion rate of molybdenum
in the high chromium ferfite was slower than that of chromiuﬁ, the critical
particle size, dcrit’ ‘for the unpinning of subgrain boundaries was only
achieved after longer annealing times. As the end of the plateau stage
co-incided Qith the condition for the unpinning of some subgrain boundaries,

the plateau stage in the molybdenum steels was extended, relative to the base

17% Cr steel.

9.1.4 The Effect of Molybdenum at 25% Cr

In general additions of molybdenum decreased the rate of recovery and
increased the plateau between recovery and recrystallisation. The
explanation for this is similar to that for the 17% Cr molybdenum steel and

will not be discussed further. However, after annealing at 690°C the



plateau was extended in the 25% Cr molybdenum steel relative to the 17% Cr
molybdenum steel. This was probably because of the increased supersatur-
ation effect of chromium carbide and nitride at lower temperatures. In
terms of Equation 16, the increased supersaturation results in an increased
volume fraction of precipitates at subgrain boundaries. If the particle
coarsening characteristics are similar to those in the 17% Cr molybdenum
steel, the annealing time to achieve dc .. wWill be increased in the 25% Cr

rit

molybdenum steel, resulting in an increase in the extent of the plateau.

9.1.5 The Effect of Molybdenum in the 17% Cr Steels at the Higher
Interstitial Level ‘

Molybdenum decreased the rate and the amount of recovery that occurred prior
to recrystallisation. The plateau was also extended in the molybdenum

steel relative to the base steel.

In the molybdenum steel, unlike the base steel, electron microscopy showed
that a true recovery process was taking place. Recrystallisation was
restricted to the ferrite / M23C6 interfaces and regions away from coarse
carbides consisted of a fine recovered structure. This was probably
because of the formation of molybdenum-interstitial 'atmospheres' which
slowed down dislocation re-arrangement and the formation of subgrain
boundaries. The extended plateau formed between recovery and recrystal-

lisation because of precipitation of M at subgrain boundaries. Lattice

M,3%%

parameter measurements of the M indicated molybdenum solution, resulting

23%

in a slower particle growth rate and a longer plateau.

The rate and amount of recovery in the molybdenum steels was lower at the
higher interstitial content as shown by electron microscopy. The change
in hardness, AH, with annealing time indicated an increased degree of

supersaturation of carbides and nitrides in the higher interstitial content
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steel, In terms of a molybdenum-interstitial ‘'atmosphere' effect, at the

higher interstitial level, the 'atmosphere' formed more rapidly because of
the increased degree of supersaturation and therefore the initial rate of
recovery was élower. The decreased amount of recovery prior to
récrystallisation can also be discussed in terms of an increased degree of
supersaturation. Subgrain boundaries will be pinned after shorter

annealing times which reduced the amount of recovery.

At the higher interstitial level, the plateau between recovery and recrystal-
lisation was extended. The plateau region which formed resulted from
precipitation at subgrain boundaries which pinned the subgrain boundaries.
There are two opposing factors which occur at the higher interstitial contents

in the molybdenum steels :

i. The increased supersaturation resulted in an increased volume
fraction of precipitate and therefore an increase in the critical

particle size for the unpinning of subgrain boundaries.

ii. The finer subgrain size at the higher interstitial level

decreased the value of the critical particle size, d for a

crit’

constant precipitate volume fraction, f.
Assuming that the particle coarsening characteristics were not affected by
the interstitial content the extended plateau at the higher interstitial

content means that (i.) more than compensated for effects due to (iil).

9.1.6 The Effect of Titanium

Additions of titanium increased the rate of recovery. After annealing at

lower temperatures, a distinct plateau between recovery and recrystallisation



was not observed.

Additions of titanium wefe in excess of stoichiometry and therefore lowered
the solubility of carbon and nitrogen compared with the base steel.

Because of the lower solubility of interstitials the solute atmospheres at
dislocation formed more slowly and therefore the rate of recovery was increased.
Since the precipitates observed at subgrain boundaries after annealing at

lower temperatures were identified as M23C6' in the titanium steel, the
particle coarsening characteristics will be very similar to those in the

base steel. The reduced solubility of interstitials resulted in a smaller
volume fraction of precipitates at subgrain boundaries, therefore pinning

was less effective and the distinct plateau was not observed.

9.1.7 The Effect of Niobium at the Lower Interstitial Level

‘Additions of niobium, like titanium, increased the rate of recovery. However,
unlike titanium, niobium extended the plateau between recovery and recrystal-

lisation.

Like titanium, additions of niobium were in excess of stoichiometgy and
therefore lowered the solubility of interstitials compared with the base
steel. Therefore, the explanation for the increased rate of recovery was
similar to that for the titanium steel. Howevef, unlike titanium, the
precipitates observed at subgrain boundaries, after annealing were identified
as NbC and not M23CG‘ In terms of Equation 16, the particle coarsening
characteristics will depend on the diffusion of niobium. As the diffusion
rate of niobium in high chromium ferrite was much slower than that of

chromium, the plateau was extended in the niobium steel.

The plateau was also extended in the niobium steel relative to the lower



interstitial content molybdenum steel. This was because of the slower
rate of diffusion of niobium compared with that of molybdenum, resulting

in longer annealing times for sub-boundary unpinning to take place.

9.1.8 The Effect of Niobium at the Higher Interstitial Level

In general, niobium additions increased the length of the plateau at the
higher interstitial level. This was because the precipitates observed at
subgrain boundaries after annealing were identified as NbC and not M23C6’
with a result that subgrain boundaries were more effectively pinned in the

niobium steel due to the slower diffusion of niobium compared with chromium.

Increasing the interstitial content decreased both the rate and the amount
of recovery and decreased the extent of the plateau. The explanation for
the former lies in the Nb :(C + N) ratios of the two steels (Fig 139).

Both steels had niobium contents in excesé of the stoichiometric ratio.
However, at the higher interstitial level, the Nb : (C+N) ratio was lower
than at the lower interstitial level, 8.5:1 compared with 15:1, therefore

the solubility of the’interstitials was greater at the higher interstitial
level. In terms of a solute 'atmosphere' effect, the 'atmosphere' formed
rapidly at the higher interstitial level because of increased supersaturation
and therefore the initial rate of recovery was slower. The decreased
amount of recovery prior to recrystallisation can also be discussed in terms
of an increased degree of supersaturatioﬂ., Subgrain boundaries will be-

pinned after shorter annealing times, which reduced the amount of recovery.

The plateau region resulted from precipitation and pinning of the subgrain
boundaries. The shorter plateau at the higher interstitial level was
because of the increased driving force for recrystallisation which

resulted in subgrain boundaries being unpinned after shorter annealing times.



9.2 RECRYSTALLISATION

At lower annealing temperatures ferritic stainless steels are characterised
by a distinct plateau in the AH with annealing time curve between recovery
and recrystallisation stages. In the molybdenum steels and niobium steels,
distinct plateaux were observed after annealing at 750°C and below, while

in the low (C+N) base steels, plateaux formed only at lower temperatures.

The extent of the plateaux increased with decreasing temperature and the end
of the plateau coincided with the incubation period for recrystallisation.
Electron microscopy showed evidence of precipitation at subgrain boundaries
after annealing at lower temperatures. At higher temperatures, i.e. above

(83)

7500C, no precipitation was observed. K3ster formulated a basic inter-
pretation of the mechanisms involved in the mutual influence of precipitation
and recrystallisation in a supersaturated solid solution in terms of the
temperature dependence for the start of the two processes. A schematic
representation of the relationship between the incubation period for recrystal-
lisation, tW' and precipitation, tp, as a function of annealing temperature

is shown by Figure 9. At higher temperatures, i.e. above 750°C, precipi-
tation does not occur and recrystallisation proceeds without the influence

of precipitation in a solid solution. The process controlling the rate of

recrystallisation will be a solute drag effect, where the rate of recrystal-

lisation will be controlled by the diffusing atomic species.

At temperatures below T; but above T, in Figure 9, the minimum incubation
period, tT’ was less than that for precipitation, tp. However, the
nucleation rate in ferritic stainless steels was orientation sensitive, as
are most commercial metals, and therefore the incubation period, te, for
nucleation of recrystallised grains of less favourable orientations was

greater than for precipitation, tp, and the subgrain boundaries of these

orientations were pinned.



At temperatures below T2 the incubation period for precipitation, t_, was
always less than for Tecrystallisaripnte. If it is assumed that subgrain
growth obeys the same laws as grain growth following recrystallisatioéésgo
effect will be observed if the particles are precipitated in a random
manner, because of their small volume fraction. Because particles were
situated at subgrain boundaries, the pinning action was effective even at
low volume fractions and a minimum particle size, dcrit' was required to
allow growth of the largest subgrain (Equation 16). The start of the
plateau was considered to represent the pinning of subgrain boundaries by
precipitated particles. The end of the plateau stage coincided with the
incubation period for recrystallisation, t., representing the time taken
.for the initial unpinning of subgrain boundaries. Once subgrain
boundaries become unpinned they can migrate rapidly by virtue of the size
advantage of the growing subgrains, to form recrystallised grains. As

only a few subgrain boundaries were unpinned at any one time, the nucleation

rate decreased, resulting in a coarse grain size.
The extent of the plateau increased with decreasing temperature.
Two factors were responsible for this :

i. As the annealing temperature was decreased the rate of particle
coarsening decreased because of a slower diffusion rate.
Therefore, the annealing time to exceed the critical particle

size for the unpinning of subgrain boundaries, dc increased.

rit’

ii. As the annealing temperature was decreased, the degree of super-
saturation of carbides and nitrides increased leading to an
increased volume fraction of precipitated particles. Therefore

the critical particle size for the unpinning of subgrain



boundaries increased which resulted in longer incubation periods.

The recrystallisation rate increased and the extent of the plateau decreased
with increasing cold reduction. The effect of cold work on the recrystal-
lisation rate can be discussed in terms of the accepted theories of
recrystallisation. At lower reductions, the stored energy was less
resulting in a decrease in the relative rates of nucleation and boundary
migration. Cold work affects the precipitation/recrystallisation reaction

in two ways :

a. At lower reductions the stored energy of cold work was less and
the mean subgrain diameter was larger. In terms of Equation 16,
the average critical particle diameter is roughly proportional to
the subgrain diameter, therefore the critical particle diameter
for the unpinning of subgrain boundaries increased with decreasing

cold reduction.

b. The activation energy for diffusion increased as the dislocation

density decreased(l73)

; therefore the annealing time required for
the unpinning of subgrain boundaries was still further increased

at lower reductions, which resulted in a longer plateau stage

at lower reductions.

Activation energies for recrystallisation were observed to increase with
decreasing cold reduction. The activation energy for recrystallisation
is proportional to the activation energy for diffusion of the solute spedies,
e.g. Cr in high chromium ferrite. Because the activation energy for diffusion

(173) therefore the. activation

increases with decreasing dislocation density
energy for recrystallisation was observed to increase with decreasing

reduction.
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9.2.1 17% Cr Low (C+N)

Annealing this steel at temperatures below 690°C resulted in an increased
activation energy for recrystallisation and an increased grain size which
also increased with decreasing temperature. At higher temperatures,
recrystallisation proceeded without the influence of precipitation. In
the temperature range 690° - 7500C, precipitation occurred during recrystal-
lisation, both at subgrain boundaries and at recrystallisation fronts.
However, at these temperatures, particle coarsening took place rapidly
because of the higher temperatures and any precipitates at subgrain
boundaries had little effect on recrystallisation. Annealing at
temperatures below 690°C, the incubation period for precipitation, tp’

was always less than for recrystallisation, ter and precipitation was
observed exclusively at subgrain boundaries. The precipitates pinned

the subgrain boundaries and inhibited recrysfallisation. Before recrystal-
lisation occurred, particle coalescence was required to unpin the subgrain
boundaries, which was controlled by the diffusion of chromium. The
presence of precipitates at subgrain boundaries decreased the recrystallisation
nucleation rate relative to a precipitate free structure, therefore the
activation energy increased after annealing below 690°C. As the annealing
temperature was decreased below 690°C the recrystallisation nucleation rate
was increasingly retarded because of a slower diffusion rate of Cr and an
increased supersaturation of carbides and nitrides. It can be seen from
Figure 140 that with increasing volume fraction of precipitate, the critical

particle diameter for the unpinning of subgrain boundaries, dc became

rit'
increasingly dependent on the mean subgrain diameter. Therefore with

decreasing temperatures fewer subgrain boundaries became unpinned leading

to a decreased nucleation rate and a coarser grain size.
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9.2.2 The Effect of Interstitial Content

At the higher interstitial content, recrystallisation was retarded relative
to the lower interstitial content steel. At lower annealing temperatures
the retarding effect was even greater resulting in a higher activation

energy in the higher interstitial content base 17% Cr steel.

At the higher interstitial content, two distinct microstructural regions

were observed :

i. In the prior austenite regions electron microscopy showed that

fine recrystallised grains were nucleated by coarse M particles.

23%
Nucleation took place at the ferrite/carbide interface and

. . . v (70) (71}
recrystallisation occurred very rapidly, even at low temperatures .

However, a fine dispersion of M

23C6’ 0.254 m in diameter, whiéh

/
was produced during tempering, pinned the fine recrystallised
grain boundaries. In these regions further softening occurred
by either a grain growth or secondary recrystallisation mechanism,

after sufficient particle coalescence had taken place to allow

some grain boundaries to become unpinned.

ii. In the ferrite grains, recrystallised nuclei predominated at

former grain boundaries and electron microscopy showed evidence

of nucleation at these sites. However, a fine dispersion of
M23C6 R O.2§ﬁtm in diameter, precipitated in the ferrite before
cold working,pinned the grain boundaries of the fine potential
recrystallisation nuclei. After sufficient particle coalescence
had occurred for unpinning of the grain boundaries, recrystallisation -
proceeded by nucleation and boundary migration, Therefore unlike

the lower interstitial content base 17% Cr steel recrystallisation
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always occurred in the presence of a fine dispersion of carbide

particles.

At lower temperatures, i.e. 690°C, particle coarsening occurred slowly because
of the relatively slow rate of diffuéion of chromium, and recrystallisation
was markedly retarded at the higher interstitial content. However, at
higher temperatures, i.e. 750°C, because of the increased rate of diffusion
of chromium, particle coarsening took place more rapidly and the retarding
effect on recrystallisation at the higher interstitial level relative to the
lower interstitial level was reduced. This results in a higher activation
energy for recrystallisation at the ﬁigher interstitial level in the base

17% Cr steels.

9.2.3 The Effect of Chromium Content

The activation energyvfor recrystallisation increased in the 25% Cr low
(C+N) compared with the 17% Cr low (C+N) at all cold reductions. In fact
after 35% reduction unlike the 17% Cr steel, the 25% Cr steel showed an
inérease in the activation energy for recrystallisation after annealing

below 720°C.

After annealing at lower temperatures, i.e. below 7200C, there was an
indication of an increaéed supersaturation of carbide and nitrides in the
25% Cr steel. The overall effect of supersaturation was to increase the
temperature at which mutual precipitation occurred. At 35% reduction,
unlike the 17% Cr steel, the incubation period for precipitation was less
than for recrystallisation after annealing below 720°C. In this
temperature range, precipitates pinned the subgrain boundaries leading to
a reduction in the recrystallisation nucleation rate and an increased

activation energy for recrystallisation. After 75% reduction, this was
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not the case and the activation energy increased after annealing below

69000. This was because of :

i. The temperature for which tp £ t.o decreased with increasing

cold reduction.

ii. The driving force for subgrain growth increased with increasing
cold reduction, therefore in terms of Equation 16, subgrain

boundaries will be less effectively pinned at higher reductions.

At lower annealing temperatures, i.e. 69OOC, recrystallisation was slightly
retarded in the 25% Cr steel relative to the 17% Cr steel, while at the
higher annealing temperatures the converse applied, which resulted in the

increased activation energy found in the 25% Cr steels.

The decreased recrystal;isation rate at the lower temperatures was because

of the increased supersaturation of carbides and nitrides mentioned earlier.
At higher temperatures, i.e 7500C, precipitation did not influence recrystal-
lisation in either the 25% Cr or 17% Cr steels. In the 25% Cr steel,
unlike the 17% Cr steel, many grains were nucleated at intra-granular M23C6.
The nucleating action of these particles ihcreased the nucleation rate of
the 25% Cr steel relative to the 17% Cr steel. This was further indicated

by the finer grain size observed in the 25% Cr steel. Therefore the

25% Cr steel recrystallised faster af 750°C than the 17% Cr steel.

9.2.4 The Effect of Molybdenum in the 17% Cr Steels at the Lower
Interstitial Level

After annealing at 750°C additions of molybdenum increased the incubation
period and decreased the recrystallisation rate, but at lower temperatures,

i.e. 69OOC, the retarding effect of molybdenum was even greater, resulting
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in a higher activation energy for recrystallisation in the molybdenum steel.
The retarding effect of molybdenum at lower temperatures was accompanied

by an increased grain size.

After annealing at 6900C precipitates were observed at subgrain boundaries
by electron microscopy,resulting in subgrain boundary pinning. The

reasomns why precipitation was more effective in the molybdenum steel were:

i. Because of the slower recrystallisation, the incubation period
was increased relative to that for precipitation.

ii. Although the precipitates were identified as M C6, the lattice

23

parameter of the carbide was increased indicating molybdenum

. . . . (80)
solution in the carbide. In terms of the Wagner equation
the rate of particle coalescence depends upon the diffusion rate
of molybdenum. Becanse molybdenum has a slower diffusion rate
than that of chromium, the rate of particle coalescence decreased
in the molybdenum steel, resulting in a decreased nucleation rate
and a coarser grain size. Therefore the incubation period for

recrystallisation increased relative to the base 17% Cr steel

after annealing at 690°C.

At higher temperatures, i.e. 750°C, and above, precipitation had no influence.

on recrystallisation and recrystallisation took place in a solid solution.

Because of the slower rate of diffusion of molybdenum the rate of subgrain

growth was slower, resulting in a decreased recrystallisation rate in the

‘molybdenum steel. However, because the activation energy for unpinning

of subgrain boundaries is greater than that for subgrain growth in a solid
(173)

solution , the retarding effect of molybdenum on recrystallisation at

750°C relative to 690°C was reduced.
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Unlike the base 17% Cr steel, after 35% reduction the molybdenum steel

showed an increased activation energy for recrystallisation after annealing
below 7209C. Because of the slower recrystallisation rate in the
molybdenum steels, after 35% reduction, the incubation period for
precipitation was less than for recrystallisation after annealing below

720°cC.

9.2.5 The Effect of Molybdenum in the 25% Cr Steel at the Lower
Interstitial Level

This steel showed similar effects to the 17% Cr low (C+N) 1% Mo steel and
therefore the basic mechanisms will not be discussed again. However,
the higher chromium steel recrystallised more slowly at 690°C and more
rapidly at 750°C than the 17% Cr molybdenum steel. Unlike the 17% Cr

molybdenum steel, annealing below 720°C resulted in an increased activation

energy. at 750°¢ no precipitation occurred before recrystallisation

. undissolved
therefore the increased volume fraction ofAM23C6 resulted in an increased
nucleation rate and hence faster recrystallisation. This was further

indicated by the finer recrystallised grain size observed in the 25% Cr
molybdenum steel. However, in the 25% Cr molybdenum steel there was an
increased supersaturation effect of carbides and nitrides resulting in the
incubation period for precipitation being less than for recrystallisation
after annealing below 720°C. Therefore therprecipitates pinned the
subgrain boundaries and decreased the recrystallisation rate resulting in

a higher activation energy.

9.2.6 The 17% Cr High (C4N) 1% Mo Steel

Two effects will be discussed :



i. The Effect of Molybdenum at the Higher Interstitial Level
‘in ‘the 17% Cr ' Steels =~~~ oo

At the higher interstitial content additions of molybdenum increased the
incubation period for recrystallisation. Once recrystallisation started
the molybdeﬁum steel recrystallised faster than the base steel. The
increased incubation period in the molybdenum steel correlated with the
extended plateau observed in the change in hardness against annealing time

curves.

In the base steels, at temperatures of 690°C and above, the majority of
subgrain boundary pinning was due to precipitates present before cold work.
‘However, in the molybdenun éteels, while pinning by fine carbides present
before cold work occurred, it was not so important as in the base steel

because :

a. The volume fraction of martensite was less due to the presence

of molybdenum;

b. No extensive precipitation took place in the ferrite prior to

cold work.

At temperatures of 750°C and below, the extended plateau in the molybdenum
steel was due to a precipitation/recrystallisation interaction. In

both steels precipitates were identified as M23C Therefore because

6"
they contained molybdenum and due to the slower diffusion of molybdenum

compared with chromium, the M particles coarsened more slowly in the

23%
molybdenum steel than in the base steel (Equation 15) resulting in an

increased incubation period.



Electron microscopy and hardness tests showed great differences in stored
energy between the two steels, i.e. the molybdenum steel underwent very

little recovery compared with the base steel.

The high degree of stored energy in the molybdenum steel resulted in a

very high nucleation rate for recrystallisation, therefore once recrystal-
lisation started, it took place rapidly. The higher nucleation rate of
the molybdenum steel compared with the base steel was further substantiated
by the recrystallised grain size; which despite a higher volume fraction
of nucleating particles in the base steel, was finer in the molybdenum
steel. In the base steel, although particles coarsened more rapidly,

due to the lower stored energy, sequential unpinning of subgrain boundaries

took place more slowly.

ii. The Effect of Interstitial Content in the 17% Cr Md Steels

In comparison with the 17% Cr low (C+N) 1% Mo steel; the incubation period
for recrystallisation was increased, which was in agreement with the
extended plateau at the higher interstitial content. However, although
the incubation period for recrystallisation was extended at 7500C, the
higher interstitial content steel had a faster recrystallisation rate.
Despite the longer incubation period, recrystallisation was achieved in
the same time as in the lower interstitial content steel. At lower
temperatures, this was not the case, and recrystallisation was retarded in
the higher interstitial content steel, while at higher temperatures than
750°C, the higher interstitial content showed more rapid recrystallisation.
This resulted in a higher activation energy for recrystallisation at the

higher interstitial level,

The change in hardness, lkfi, with annealing time indicated an increased
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degree of supersaturation of carbides and nitrides in the higher interstitial
content steel. In the higher interstitial content steel, after annealing
at 750°C, the incubation period for precipitation was less than for

recrystallisation.

The increased degree of supersaturation of carbides and nitrides resulted
in a greater volume fraction of precipitates at subgrain boundaries, hence
a longer incubation period for the unpinning of subgrain boundaries.

At 750°C the increased supersaturation of carbides and nitrides had only

a slight effect on the incubation period for recrystallisation because of
the relatively rapid coalescence of precipitates at this temperature.

The higher stored energy and increased volume fraction of nucleating
particles resulted in a higher nucleation rate atrthe higher interstitial
content, and therefore recrystallisation was achieved in the same time in
both steels. However, with decreasing temperature slow particle
coalescence resulted in a much longer incubation period at the higher
interstitial level and recrystallisation was retarded. At higher
temperatures, i.e. above 750°C, precipitation had no effect on recrystal-
lisation. Therefore because of the higher recrystallisation nucleation

rate, the higher interstitial content steel recrystallised more rapidly.

9.2.7 The Effect of Titanium

Titanium had little effect on recrystallisation. This was because in
the titanium steel, the precipitates at subgrain boundaries were identified

as M,..C

23 6; therefore there was little effect on nucleation. The slight

increase in the recrystallisation rate may be due to a higher nucleation
rate as a result of nucleation at undissolved Ti(CN) particles, However,

this was not reflected by the grain size.



9.2.8 The Effect.of Nigbium

Additions of niobium increased the activation energy for recrystallisation
at both interstitial levels. This was because of the higher activation
energy for diffusion of niobium compared with chromium in high chromium

ferrite.

i. The Efféct of Niobium at the Lower Interstitial Level

Unlike titanium, additions of niobium increased the incubation period for -
recrystallisation and decreased the recrystallisation rate. Solute

drag effects may account for the decreased recrystallisation rate. At
higher temperature, i.e. above 7500C, solute drag effects were important
due to the absence of precipitation at subgrain boundaries. However, at
750°C, unlike the base steel, precipitation of NbC was observed at subgrain

boundaries.

Precipitates are more effective in retarding recrystallisation than are
solutes, therefore the major retarding effect was due to precipitates at
temperatures of 7500C and below. At 750°C, in the base steel, recrystal-
lisation took place in the absence of precipitation. In the niobium steel
the rate of particle growth depended upon the diffusion of niobium.

Because of the slow rate of diffusion of niobium, even at 750°C, recrystal-
lisation was retarded. At the lowef reductions, recrystallisation was
retarded even further compared with the base 17% Cr steel. This was
because of the much higher degree of recovery prior to recrystallisation

in the niobium steel, which resulted in a lower stored energy and a larger
subgrain size. In terms of Equation 16, the critical particle size for
the unpinning of subgrain boundaries increased, therefore recrystallisation

was even further retarded in the niobium steel. Niobium retarded recrystal-
lisation to a much greater extent than molybdenum due to the slower rate of

diffusion of niobium.
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ii. The Effect of Niobium at the Higher Interstitial Level

Additions of niobium increased the incubation period for recrystallisation

as shown by the extended plateau observed in the steels.

At the higher interstitial level, the niobium steel behaved in a similar
manner to the molybdenum steel. The incubation period was related to
the rate of coarsening of niobium carbide particles which pinned the sub-
grain boundaries. Because the diffusion rate of niobium was much
slower than that of chromium, the incubation period for recrystallisation
was increased. However, unlike the base steel, a high degree of stored
energy was retained in the less recovered structure. Because of this
many subgrain boundaries were unpinned at the same time leading to a high
nucleation rate. Therefore once recrystallisation had started, the high
nucleation rate led to a rapid recrystallisation relative to the base

17% Cr steel.

In the niobium steels, recrystallisation always took place more rapidly
at the higher interstitial level. On first reflection, it may appear
. . . . . (70) (71)

that this was just a particle stimulated nucleation effect .
However, the lower interstitial content niobium steel underwent a much
higher degree of recovery prior to recrystallisation. In terms of a
precipitation/recrystallisation interaction, a lower stored energy and
larger subgrain size leads to :

a. A larger critical particle diameter, dc before subgrain

rit’

boundaries were unpinned;

b. The lower stored energy decreased the rate of diffusion and

therefore the rate of particle growth.
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Therefore the incubation period for recrystallisation was extended and
the nucleation rate decreased at the lower interstitial level in the
niobium steel. The decreased recrystallisation nucleation rate was also
reflected in the recrystallised grain sizes of the two steels, i.e. the
higher interstitial content steel had a much finer recrystallised grain

size at 35% and 50% reduction.

9.3 THE DEVELOPMENT OF DEFORMATION TEXTURES

During cold rolling, thé {1103} component decreased and the {111}
component increased progressively with increasing cold reduction and even
after only 35% cold reduction, this texture was quite well developed.

The {uxﬁ component did not develop so rapidly, full pole figures showing
that the {111} component was in fact the {111J<112» texture. However,
unlike the inverse pole figure work, the {100} component, i.e. {100}<01ll>
texture was equally as strong. The discrepancy arising between the
results obtained from inverse and full pole figures may be discussed in

(lOl). For a €200}

terms of the multiplicity of the textural components
pole figure, two components satisfy the {111} <112» texture whereas the
{100} <0l1» is a single component. Thus, for a texture containing equal

proportions {111} <112> and {€100% <Oll» texture, the intensity of the

€111} <112> component would be half that of the {100} <0ll® component.

It is well established that the €110} < 00l» component splits into two
€111} < 112> components after only low reductions(34). Theréfore, the
sharp increase in the {111} component and the resulting {111} <112>
texture was produced by the splitting of the {1103 <00l> component
present in the hot band. The {111} <112» was still the major component

after 50% reduction,
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However, with increasing reduction, the rate of development of the {111}
component decreased, and in some steels it decreased slightly with a
corresponding increase in the {100} component. Full pole figures
showed thatb after 75% reducf.ion, the {111% <112% component decreased and
was replaced by some {lll} ;llO> and {§112%<110> components. Above
50% reduction, the {100y component increased progressively with increasing

reduction and full pole figures showed this to be the €100% < Oll» texture.

Above 50% reduction, the {111} <112> decreased in intensity because it

is not a stable component. It has been reported(ll4) that during rolling
the €111¥<112» component rotated about the sheet normal towards the
€111¥ 110> resulting in an increése in this component with increasing
cold reduction. However, with increasing cold reduction, this component
also rotated about the rolling direction to form the stable £112}<110>
texture. The {100} < 011> component increased with increasing reduction
because the €100} <0ll» component can be considered to be stable during’

rolling (107) .

After 95% reduction, the major texture was the €100} <011> with a 112%
<110> component and minor ¢€1113% <110» and {111} <112> components.

The {111% <110> component was stronger than the €111} <112>. However,
the lower interstitial niobium steel, with the stronger {110} component
in the hot band, had a stronger {112}<110> and {111} <110> and a

weaker  {100¥< 011> than the base 17% Cr steel after 95% reduction.

In the steels with a low {110} component in the hot band, the supply of
orientations to produce the ¢€111¥<112% soon becomes exhausted resulting
in the decrease in the {111} component at higher reductions. However,
in steels with a relatively strong <€110¥% in the hot band, e.g. Alloy 7,

the supply of orientations to produce ¢€1113 ¢<uvw» componentswas not so
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easily exhausted, therefore there was a gradual increase in the {111¥
component with increasing reductions. At high reductions the {1113¥<uvw>

components rotated towards {112¥<110» resulting in a stronger £1123<110»

component.
9.4 THE DEVELOPMENT OF RECRYSTALLISATION TEXTURES
9.4.1 Alloy (1) 17% Cr Low (C+N)

After 35% cold reduction, recrystallisation increased the €110} component
and decreased the €111} and {100} components. Full pole figures

showed that the major texture was a {110%<001> with a minor €1003%<011l>
component. These were the textures after 50% cold reduction, but a minor
{lll}<112} component was also present. The basic mechanisms of nucleation
will be é%amined to see why the §110%<001» became the major texture after

recrystallisation, eventhough it was not represented in the deformation

texture.

The basic mechanisms of recrystallisation nucleation are :

i. Grain boundary;

ii. Deformation band;.

iii. In-situ, i.e. nucleation within the grain;
iv. Particle stimulated nucleation.

At low reductions, the in-situ mechanism was not favourable because there
was insufficient lattice curvature to allow nucleation by.a subgrain growth
mechanism. Particle stimulated nucleation was not an important mechanism
in this steel because nucleating particles were present only in the prior

austenite regions, which represented only 4% of the total structure. At

low cold reductions, both grain boundary nucleation and deformation band



nucleation were particularly favourable. Grain boundary nucleation sites
' . (32)(72)
are particularly favourable for the development of {100¥< 0ll»> textures .
However, in this steel, the effectiveness of grain boundary nucleation was
reduced, because of the coarse grain size in the 'hot band' resulting in

a slightly decreased {100} <Oll> component when compared with the cold

worked state.

Nucleation at deformation bands has been shown to be highly favourable at

s(34)(ll4). Metallographic examination and

low and moderate reduction
thin foil electron microscopy showed that nucleation for recrystallisation
was associated with deformation bands, and electron diffraction showed
that the predominant orientation was the {110} parallel to the plane

of the sheet. The UT{1108<001> texture developed by nucleation at
deformation bands. Although the {1103<00l> component represented only
a small volume fraction of the deformation texture, because of the high
stored energy of this component it nucleated first, and therefore had
considerable time for growth before impingement occurred, thus allowing
it to become the major component of the recrystallisation texture.

Because of the low nucleation potential of in-situ nucleated orientations,

e.g. {1113< 112>, they were consumed by the {l10§<001» resulting in a

reduced intensity of the component compared with the cold worked state.

With increasing cold reduction, the ¢§110¥ component decreased and the
{1113 component increased to a maximum after 95% cold reduction. However,

even after 75% reduction, the {lll} component was weak, P = 2.1, and

hkl
it was only at reductions greater than 82% that it exceeded that of the
cold worked condition. The {100} component decreased progressively

with increasing cold reduction to a minimum after 95% reduction. Full

pole figures showed that the major textures were <{1113<112> and {1003 Oll>.



(32)

It has been shown that the distribution of stored energy depended on
the crystallographic orientation of the cold worked metal. For in-situ
nucleation within the major texture components the stored enefgy and there-
fore nucleation rate increased in the order {lOO}<Oli> - €2113< 110> -
€1113< uvw>. Therefore in terms of in-situ nucleation mechanisms the €111%
components nucleated first and had the longest time for growth before
impingement occurred. Because with increasing cold reduction the stored
.energy of the {1113 <uvw?> components increased relative to the other
components(ll4), the nucleation potential of the {1113¢uvwy» component
increased resulting in the increased {111Y component with increasing cold
reduction. 'k Because of the low stored energy of the {100} component,

it was consumed by the {111¥% components. The intensity of the €110%
component decreased above 50% reduction as nucleation for recrystallisation

from deformation bands of this orientation become less favourable(ll4).

9.4.2 Alloy (2) 17% Cr High (C+N)

Unlike the lower interstitial content steel, the intensity of the <1003}
component increased considerably after 35% reduction. The reason for
this sharp increase lies in the microstructure of the higher interstitial
steel, in which the ferrite grains were 'pancaked', produced by the pinning

action of austenite during the pre-cold working treatment.

At the higher interstitial level, the 'pancaked' nature of the grains was
much more pronounced than at the lower interstitial level. The work

(72) and Dillamore et al(32)

of Morris indicated that grain boundary sites
are particularly favourable for the nucleation of €100} components.
Thin foil electron microscopy showed that a high proportion of grains
nucleated at the grain boundary had €100} in the plane of the sheet.

For a constant grain volume, the grain boundary area increases as the grains



become increasingly 'pancaked'. Therefore because of the increased

amount of grain boundary area, at the higher interstitial level, nucleation
of the <{100¥ component was particularly favourable, leading to an increase
in the {100} component after 35% reduction. Electron microscopy
indicated that grain boundary nucleation occurred by a subgrain growth
mechanism. The grain boundary bowing mechanism considered by Dillamore

(32)

et al was unlikely because M C6~particles situated at the matrix

23
grain boundary pinned the boundary and prevented strain induced boundary

migration.

The {111¥ component was always greater at the higher interstitial content
in the base 17% Cr steels. The reason for the :stronger ¢€111% component
at the higher interstitial contént was due to particle stimulated nuéleatioh.
Thin foil electron microscopy showed that {111} orientations, in the
plane of the sheet, were capable of being nucleated at the ferrite/M23C6
interface after only 35% cold reduction. A possible mechanism for this
will be discussed later. Unlike the lower interstitial steel, nucleation
at in-situ sites was possible after 35% reduction because of the increased
lattice curvature adjacent to particles and the lower energy barrier for

recrystallisation. This resulted in stronger €111} components at the

higher interstitial 'level.

9.4.3 The Effect of Titanium and Niobium at the Lower Interstitial Level

As the effects due to additions of titanium and niobium were similar, the
mechanisms.of recrystallisation texture formation will be discussed for
these steels together. Unlike the base steels, the {111} component
decreased only slightly compared with the cold workelcondition after 35%
cold reduction, The major texture was €1113%<112>. The €1003

component decreased relative to the cold worked state. A minor {1lo¥<o0l>



= ZU0 -

component was observed in the full pole figures.

After short annealing times, electron microscopy showed a tendency for {111%
orientations to nucleate at the ferrite/(Nb or Ti) CN interface, after only
35% reduction. This was because of an increased lattice curvature

adjacent to second phase Ti(CN) or Nb(CN) particles resulting in an increased
stored energy. This phenomenonwas observed in all steels with nucleating
particles present at intragranular sites, whether Ti(CN), Nb(CN) or M23C6'
Because regions adjacent to particles had a higher stored energy, this
produced effects similar to an increase in cold reduction. Therefore
within the major textures the order of stored énergy remained the same,

i.e. increased from {1003<01l1l> » {1113< uvws. The stored energy of the
{lll}< uvw > therefore increases relative to the €l003<0ll» in regions
adjacent to particles, compared with the matrix. Unlike the base steel,
the {1113<112> component can nucleate more easily within its parent
orientation. As a result of competition between {111¥% <112» and
deformation band nucleated grains, e.g. {11C§<00l» , the latter were
reduced in intensity compared with the base steel. This results in

the {l11¥ component being almost as strong as in the cold worked condition.

The {100¥ component decreased in intensity compared with the €111%

component because of its low stored energy.

With increasing cold reduction the €111}¥ component in the titanium and
niobium steels continued to increase relative to the base 17% Cr low (C+N)
steel. This was because particle stimulated nucleation increased the

nucleation potential of €1113 components relative to the other components.

9.4.4. - 17% Cr High (C#N) + Nb

Unlike the base 17% Cr steel the higher interstitial level niobium steel



did not show the considerable increase in the €1003 component during

recrystallisation after low reductions. The {1113 component was also
stronger after 35% in the high (C+N) niobium steel. The reason for this
was associated with the hot band microstructure of each. The niobium

steel contained a uniform distribution of coarse Nb(CM) particles, while
the base high (C+N) steel consisted of alternate bands of ferrite and
tempered martensite (austenite). In the latter steel nucleating particles

were restricted to the tempered martensite regions.

As second phase particles were favourable sites for nucleation of the {1113
component, the nucleating action of the uniform distribution of Nb (CN)
reduced the effectiveness of grain boundary nucleated {100} component.
Therefore the {100%¥ component was less intense in the high (C+N) niobium

steel than in the base 17% Cr high (C+N) steel.’

In the niobium steels, the <{100% component was always greater at the
higher interstitial level. This was because of a finer initial grain
size which resulted in more favourable conditions for nucleation of the {1003

component.

9.4.5 Alloy (4) 17% Cr Low (C+N) 1% Mo

Like additions of titanium and niobium, molybdenum added to a 17% Cr low (C+N)
steel favoured the development of a strong €111} component. However,

at the lower reductions it was not so effective as either titanium or niobium
at the lower interstitial levels. Electron microscopy showed a tendency

for €111% orientations to nucleate at the ferrite/M interface.

23%
However, unlike the titanium or niobium steels, the particles were distributed

in bands and not uniformly distributed throughout the microstructure and thus

they were not so effective in reducing the deformation band nucleation,



resulting in a weaker €111} texture than in the niobium or titanium steel

at the lower interstitial level. However, particle stimulated nucleation
of the €1113 component increased the intensity of this component in the

molybdenum steel compared with the base 17% Cr low (C+N) steel.

9.4.6 Alloy (3) 17% Cr High (C+N) 1% Mo

In contrast to the base steel, the higher interstitial content molybdenum
steel did not show the increase in the {100} component after 35% cold

reduction. Two factors are responsible for this :

i. The grains of the high (C+N) molybdenum was not so 'pancaked' as
the base steel, thus reducing the chance of nucleating the €100%

component.

ii. Coarse M particles were present within the ferrite grains,

c
236
which were favourable for nucleating the €111¥ component so

further reducing the effectiveness of the grain boundary nucleated

{1003 component.

In the molybdenum steels, the §100% component was always greater at the

higher interstitial level, resulting in a lower 1113 : 1003 ratio. This
may again be explained in terms of the hot band microstructure. The

higher interstitial content molybdenum steel had a more pronounced 'pancake’
grain structure in the hot band because of the pinning action of the increased
volume fraction of austenite. The increased grain boundary area favours

the development of a stronger €100} component.

9.4.7 The Effect of Chromium Content

After 35% reduction the 25% Cr steel behaved in a similar manner to the

17% Cr steel. The €110} component was not so intense in the 25% Cr steel
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as in the 17% Cr steel which was consistent with the stronger <1113 at
25% Cr, Although the base 25% Cr steel behaved similarly to the 17% Cr

steel at the higher reductions, the ¢€111¥ component was increased at 25% Cr.

Particle stimulated nucleation after 35% reduction resulted in nucleation of
the {111% component and decreased the intensity of the deformation band

nucleated £1103% component compared with the 17% Cr steel. With increasing
reduction, particle stimulated nucleation resulted in further nucleation of
the {111% component. Therefore the {111¥ component increased in the

25% Cr steel relative to the 17% Cr steel.

9.4.8 The Effect of Molybdenum at 25% Cr

After 35% reduction, these alloys behaved similarly to the 25% Cr base steel,
but had stronger {1113 and weaker {1103 components. With increasing
reduction, the {1113 component increased relative to the base steel.

This can again be discussed in terms of particle stimulated nucleation of
the {111 component, which reduced the effectiveness of the deformation
band nucleated {110} component. The particles were more randomly
distributed in the molybdenum steel than in the base steel and occurred in

a larger volume fraction. This resulted in more effective formation of
the {111Y component and a stronger {€1113<112> texture than in the base

steel.

9.4.9 Summary of Recrystallisation Texture Formation

Recrystallisation texture formation has been shown to depend on two major

factors :

1. The degree of cold reduction;



2. The microstructure of the hot band, e.g. second phase particles,

grain size and grain shape.

The above factors influenced the recrystallisation sites which in turn

determined the recrystallisation texture.

The recrystallisation sites were :

i. Grain boundaries - favouring a {100% texture;

ii. Deformation bands at low reductions - favouring a €1103% texture;
iii. In-situ - favouring a 111} texture;

iv. Particle stimulated nucleation at in-situ sites - favouring a

{111} texture.

At the lower reductions, i.e.up to 50% cold reduction, grain boundaries
and deformation bands were the most important nucleation sites for recrystal-
lisation. In-situ sites leading to the formation of {111} textures
were not favourable at low reductions because insufficient lattice curvature

was generated at low strains to allow nucleation by subgrain growth.

In steels where particle stimulated nucleation was prevalent, e.g. Ti and
Nb, the development of a {€111¥ type texture was observed even after only
35% and 50% cold reduction. Thin foil electron microscopy showed that
recrystallisedigfains nucleated at the particle/matrix interface. Electron
diffraction showed that the most common orientation of these grains was a
{111¥ in the plane of the sheet. This was because of an increased
lattice curvature adjacent to second phase particles, resulting in an
increased stored energy. Because regions adjacent to particles had a
higher stored energy, this produced effects similar to increases in cold

reduction. Therefore within the major textures, the order of stored



energy remained the same, i.e. increased from {1oo}<Q11>-a {111¥<uvw>.

The stored energy of the {1113<uvw> texture therefore increases relative
to the {1003<011> texture in regions adjacent to particles, compared with
the matrix. Unlike the base steel, the {1113 components nucleated

readily within the {111} component of the deformation texture.

Grain boundary nucleation favoured the formation of <{100% type textures.
A high dislocation density was generated adjacent to the grain boundary
in grains of {100} in the plane of the sheet when the neighbouring grain

(72). Thus, the high stored energy

has a higher 'M value', e.g. €111%
at grain boundaries in {1003} grains resultsin a favourable site for

nucleation of the $100¥ component.

Deformation band nucleation at low reductions led to the development of

a 1110} type texture, particularly in coarse grained steels, e.g. 17% Cr
low (C+N) steel. Both optical and electron microscopy showed that
deformation band nucleation of recrystallised grains was an important mode
of nucleation at low reductions. Electron diffraction showed that grains
nucleated at deformation bands tended to have {110%¥% in the plane of the

(34) (109) (114) that at low and moderate reductions,

sheet. It has been shown
deformation band nucleation of recrystallised grains led to the formation

of a {llot type texture. This was because deformation bands are regions

of high local stored energy and hence of high nucleation potential.

With increasing cold reduction, the {111Y component increased progressively
while the {100} component in general decreased with increasing cold
reduction. This was because nucleation for recrystallisation at in-situ
sites and by particle stimulated nucleation became increasingly favourable
with increasing cold reduction, Electron microscopy showed that both

these sites were favourable for nucleation of €111¥ recrystallised grains
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after 75% reduction.

The reason why {1113 nucleated preferentially to other orientations was
that the stored energy in the cold worked metal depends on the crystallo-
graphic orientation. Within the major components, the stored energy and

32)

hence nucleation frequency increases from {1003<011> -» {111%<uvw> textures(
and the difference in stored energy increases with increasing cold reduction(ll42
Therefore the flllS component consumes the €£100% component and the {100%
component decreaseé'in intensity. At very high reductions in some steels,

the {100} component increases slightly at the expense of the €111% component.
Heavy deformations provided,a large area of grain boundary because the grain
boundary area increased with increasing cold reduction. On the basis that
grain boundary nucleation of recrystallised grains gives rise to <€100%

components, the slight increase in the {100Y component at high reduction

was because of grain boundary nucleation.

9.5 MECHANICAL PROPERTIES

Regression. analyses showed the following results, at 95% confidence level,

for fully recrystallised structures with no subgrains :

1. Yield Strength, d y
on . -5 2
y = 36.3 + 8.5 x 8Cr + 57.9 X $Mo - 107 x %Ti + 15.9 4 Mn/m
Correlation Coefficient + 0.96 (86)
. (178) . .
Recent unpublished work by Bywater showed the following regression

equation for 17% Cr ferritic stainless steels

G‘y = 40 + 8.2 x 3Cr + 13.5 4 * — (87)



179
Recent equations( 791 (180) for yield strength of a polygonal ferrite structure

in plain silicon killed carbon-manganese steels containing up to 0.25% C

are :

G‘y = 88 +15.1 a ¢ (88)
for specimens which were cooled rapidly, and :
7 |
y = 62 + 15.1 4 — (89)

for slow :cooled specimens. . Clearly the frictional stress, d ; was much

o
lower in ferritic stainless steels than in C-Mn steels, containing up to

0.25% C. This was presumably because of chromium reducing the solubility
of interstitials in solid solution, particularly nitrogen, thus reducing the
frictional stress. The ky term obtained in the present work was similar

(179) (180)

to that found in the C-Mn steel, i.e. 15.9 cf 15.1, indicating

that grain size effects in ferrite are independent of the chromium content.

Carbon and nitrogen had little effect on the yield stress indicating that
the amount of carbon and nitrogen in interstitial solid solution did not

vary appreciably with interstitial content. Titanium additions significantly
decreased the ?ield stress by reducing the solubility of interstitials
compared with the base 17% Cr steel. However, niobium did not show any
significant effects, therefore the decrease in tﬁe yield stress in the

17% Cr low(C+N) +Nb steel when compared with the 17% Cr low (C+N) steel was
because of a coarser recrystallised grain size. The reason why the niobium
steel did not show the same effect as the titanium steel was due to the
annealing temperature, 990°C in the niobium steel, compared with SOOOC in

the titanium steel, The higher annealing temperature increased the solid

solubility of the interstitials (Figure 189) in the niobium steel compared



with the titanium steel and therefore no significant effect of niobium

was observed-

Both chromium and molybdenum increased the yield stress, but the effect of
molybdenum was much the greater. The solid solution hardening effect of
chromium obtained in this investigation was almost identical to the one

(178)

obtained by Bywater (8.5 cf 8.2). The greater solid solution hardening

effedt of molybdenum than chromium on the yield stress was because of their

(146). Because the atomic diameters

relative effects on lattice dilation
of chromium and iron are similar there was very little lattice dilation

and therefore only slight increases in the yield stress. However, because

molybdenum has a much larger atomic diameter than that of iron the increased

lattice dilation results in a marked increase in the yield stress. Although
the solid solution hardening coefficients for chromium in Equations 86 and

87 and molybdenum in Equation 86 have been reported similar to those in low

(27)

carbon steel , the effects may be more complex than first realized. The

solid solution hardening coefficients for chromium and molybdenum in
. e ; . (180)
Equations 86 and 87 are significantly greater than those in low carbon steels

indicating an increased efficiency of strengthening due to the interaction

with interstitial elements to form complex clusters.

2. Work Hardening rate at 0.1 True Strain

Work hardening at 0:1 true strain =

_1
862 + 112.8 x %Mo + 29.5d ° in Mn/m2 at a 95% confidence level

(90)
Correlation coefficient = + 0.45
The only significant compositional effect was that of molybdenum which
increased the work hardening rate. The effects of solute on work hardening

(146)

depends on the relative lattice dilation Because molybdenum increases
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the relative lattice dilation, it retards dislocation movement and therefore

increases the number of dislocations at a constant strain, which increases
the number of dislocation interactions and therefore increases the work

hardening rate.

Decreasing the ferrite grain size increased the work hardening rate. This
can be attributed to the shorter slip distances in the ferrite in a fine
grained steel which requires more dislocations to operate for any given strain,

and therefore leads to an increased work hardening rate. The coefficient

e

of 4 is similar to that obtained for the work hardening of low carbon

low alloy steels(lgo).

9.6 THE EFFECT OF MICROSTRUCTURE, TEXTURE AND R VALUE ON FORMABILITY

9.6.1 Deep Drawability and r Value

A regression analysis (Equation 82) showed that the r value increased as
the ratio of {111¥ : {100¥ increased which was in agreement with the work

of Held(lzs).

'Deep drawability as measured by the limiting drawing ratio
(LDR) was dependent on the average r value and texture: Increasing the

r value and the ratio of {lli}:{1003 components increased the limiting
drawing ratio. (Equations 83 and 84) Variations in chromium and
interstitial contents and additions of molybdenum, titanium and niobium had
little effect apart from their effect on texture and ; value. It can be
seen from Figure 17 that during deep drawing the radial stress in the fiange
is lower than at the punch nose and that textures favouring high r values
increase the deep drawability because they increase the flow stress at the
punch nose, relative to the flange. Since deep drawability was not

affected by composition, the ratio of stress at the punch nose to those at

the flange were of prime importance during deep drawing and overshadowed any



effect due to changes in composition.

The limiting draw ratio increased with increasing reduction because the

{111% : {1005 texture ratio increased with increasing reduction. In the
majority of cases, bothlxr and percentage earing increased with increasing
cold reduction. The reason for this was related to the textures observed
in these steels. The {1003 cdmponent, i.e. {€100%¢011> texture favours
maximum r value at 45° to the rolling direction, producing 45° ears and a
negative l&x'value. The <€111% component, i.e. {1113<112>, should produce
six ears, but because of the considerable rotational spread about the ideal
orientation tends to produce in practice only four ears. At low reduction,
the {1115 : {100Y texture ratio is low and in the majority of alloys, the
textures are not well defined, therefore the 0/90O earing tendency of the
€111% ‘component was counteracted by the 45° earing tendency of the <100¥
component resulting in small 0/90O ears. With increasing cold reduction,
the {111} : {1003 ratio increases resulting in increased A r and percentage

earing.

i. Alloy (1) 17% Cr Low (C+N)

rgo increased to a maximum after 50% cold reduction, and. then
decreased up to 75% reduction. This steel had a strong 1103

<00ly» texture after 50% reduction and in the work of Hutchinson

(109)

et al there was evidence to suggest that high r_. values

90

were obtained in steels with strong {110} 001> textures. Above
50% reduction the €110% component decreased and the T9o value
decreased. In this steel, both the average r value and LDR

were low because of an unfavourable <€1113 : £100% ratio.



ii.

iii.

iv.

The Effect of Interstitial Content

In the 17% Cr high (C.+ N) steel,

in contrast to all the other alloys examined, the maximum r value
was at r45 after 35% cold reduction, which resulted in a negative
Ar and 45° earing. The r value and LDR were also much lower
after 35% reduction at the higher interstitial level. The reason
for this was the strong €10@<011%> component at the higher inter-
stitial level, which produced the maximum r value at 45° to the
rolling direction and therefore 45° earing and a negative A r
value. Low r values and LDR's are also consistent with the
presence of a strong {1003'<Oll> component. With increasing
cold reductionAr became positive and the earing was at 0/90o to
the rolling direction. After 75% cold reduction, the r value
and LDR werenot affected by interstitial content. This was
because with increasing cold reduction the {100% component
decreased and the {1113 component increased with a result that
Ar became positive and the earing was at 0/90O to the rolling
direction. The r value and LDR increased because of an increase

in the {1113 : {1003 ‘ratio with increasing cold reduction.

The Effect of Titanium and Niobium

Additions of titanium and niobium favoured the development of
higher r values and LDR's than the base low interstitial steel

because of a higher <€111¥ : §100¥ texture ratio.

17% Cr High (C4N) Nb

In contrast to the higher interstitial level base steel in the

niobium steel, the higher r values were at r90 and rO and not r45,
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with a result that A r was positive and earing was at 0/90o to the
rolling direction. This was because of a weaker <€100% component,
i.e. higher €111% : {100¥ ratio, in the niobium steel. At

the higher interstitial level, niobium additions did not produce

such favourable r and LDR values.because of lower <€111% : €100%
ratios at the higher interstitial level. In fact after 75% cold
reduction, the LDR of the 17% Cr high (C+N) + Nb was much lower

than could be explained on the basis of the r value and <€111¥ : {100}
ratio, Examination of the fracture surface (Figure 130) showed
initiation of brittle failure at chromite and carbide particles

which led to premature failure.

Ve The Effect of Chromium Content

Increasing the chromium content increased both r value and LDR
after 75% reduction because of higher {111} :{100} ratios.

The high r value in this steel after 50% reduction may be due

90
to the €110} component present in this steel.

vi. The Effect of Molybdenum

Additions of molybdenum increased both r value and LDR after

75% reduction because of higher <€11I%Y : {100% ratios.

9.6.2 The Effect of Cold Work and Composition on the Erichsen Value

The Erichsen value in general increased with increasing cold reduction, i.e.
the maximum value was observed after 75% reduction. This was because of
a finer recrystallised grain size with increasing cold reduction. The

results for the uniform elongation however did not show any effect of‘&iu



(142)

with decreasing grain size. Gladman et al also showed that grain

(148) (176)

size had little effect on &u.,  Horte et al and Wilson reported
that coarse grain sheet steels with high uniform elongations performed less
well in biaxial stretching than was predicted from measurements of uniform
elongations,eqh A finer grain size has been shown to increase the work
hardening rate relative to a coarse grain size at a constant strain(l42).
However, because the yield stress was also increased by a finer grain size,
little effect of grain size on & u was observed. In stretch forming
operations much higher strains are requiredfor instability than in uniaxial
tension. Therefore the increasing work hardening rate at finerv grain
sizes can more than compensate for the increased yield stress, and the
higher work hardening rate produces a more uniform strain distribution
across the punch. Also necking in stretch forming up to final failure

is diffuse and not localised(l47).

Finer grain sizes increase the total
cqs € (142) . . .

ductility, t, because of the increased work hardening which reduces

the rate of propagation of the ductile crack. Because the necking is

always diffuse in stretch forming, it does not restrict the stretching limit

and total ductility may become important.

In contrast.to the tensile results higher Erichsen values were obtained at

the higher interstitial level in both the base 17% Cr and 17% Cr 1% Mo steels

when .compared with their low interstitial counterparts. Only after 75%
reduction were the Erichsen values comparable. This may be due to a grain
size effect. The 17% Cr low (C+N) 1% Mo showed particularly low Erichsen

values after 35% and 50% cold reduction which was not reflected by the

tensile results. In the Erichsen tests cracks were initiated at bands of
carbides (Figure 137) leading to a reduction in the ductility. However,

in the uniaxial tensile work, no such cracks were observed at bands of
carbides. Clearly microstructural inhomogenities were of greater importance

in biaxial stretching than in uniaxial -tension.
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Additions of titanium and niobium at the lower interstitial level, tended

to increase the Erichsen value when compared with the base steel, even though
small regions of brittle fracture were observed in the niobium steel.

This was because of a more uniform distribution of carbide/nitride particles,
a reduction in ‘grain boundary carbide and the absence of tempered martensite
in the structure. Since the criteria for the onset of propagation of a

. . . . . . . (154)

ductile crack is a function of void width to near neighbour spacing r

for a constant particle fraction, a more uniform distribution of particles

results in a greater ductility before the onset of the ductile crack.

At the higher interstitial level, in the niobium steels, the Erichsen values
were slightly lower even though they had similar uniform elongations. This
was due to the formation of cracks (Figure 136) at exogeneous chromite
particles which resulted in premature failure. These were not in evidence

in the uniaxial tensile specimens.

The base 25% Cr steel had much lower Erichsen values than its 17% Cr
counterpart, although very little difference was found between the two steels
in terms of tensile elongation. Again bands of carbides were probably

responsible for the reduction in the Erichsen values of the 25% Cr steel.

Unlike the deep drawability, a good correlation was not obtained between
Erichsen values and uniaxial tensile data. The best correlation was
between the minimum value of the tensile uniform elongation and the Erichsen
value with a correlation coefficient of + 0.5. Although finer grain sizes
in almost every case conferred adequate Erichsen values, a coarse grain size
did not always produce poor results, e.g. titanium and niobium steels.

This results in a poor correlation between grain size and Erichsen value,
i.e, correlation coefficient 0;2. Clearly many variables are involved

when . determining good stretch formability which unlike deep drawability,was
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more dependent on the microstructure.

9.6.3 ‘Factors- Affecting Formability of Ferritic Stainless Steels

It was evident that high cold reductions before recrystallisation were .
beneficial in producing adequate formability in ferritic stainless steels,
since they improved both deep drawability and stretch formability. Some
of the improved stretch formability with fine grain sizes maf be lost in
these steels since they exhibit yield points. The finer the grain size,
the larger the temper-rolling reduction required to suppress the formation
of stretcher-strains, hence a greater potential loss in ductility. At
17% Cr, in the condition examined, no improvement in formability was obtained
by decreasing the interstitial content, in fact at low cold reductions
stretch formability was better at the higher interstitial content.
Additions of titanium and niobium, at the lower interstitial level to a

17% Cr base steel, were beneficial in improving formability. They tended

I(111)

to aid the formation of a high 1(100)

ratio and produce a microstructure

which gave good stretch formability for a ferritic stainless steel. It

I(111)

-I—(m increased,

was shown by regression analysis that as the ratio of
the r value and the deep drawability increased. High r values increased

the flow stress at the failure site (punch nose) relative to the drawing

zone (the flange). Additions of niobium at the higher interstitial level
were not particularly beneficial. At 17% Cr,molybdenum additions improved
I(111)

the deep drawability because molybdenum increased the texture ratio,

I(100)

but produced an inferior stretch formability at the lower interstitial level,
because of the coarser grain size at the lower interstitial level. Increasing

the chromium content from 17% - 25% improved the deep drawability because it

©I(111)

T(100) texture ratio, but stretch formability was inferior to

increased the
the 17% Cr steel, Additions of molybdenum at 25% Cr improved the deep

drawability but had little effect on the stretch formability.



CHAPTER TEN

10. SUMMARY, CONCLUSIONS, RELEVANCE TO INDUSTRY AND RECOMMENDATIONS

10.1 SUMMARY -AND - CONCLUSIONS

The following conclusions have been drawn :

Recovery and Recrystallisation

1. Increasing the interstitial content in the base 17% Cr steels
appeared to increase the rate of recovery. However, electron microscopy
showed that the softening effect was associated with recrystallisation in

the prior martensite regions, and was not a true recovery process.

2. Increasing the chromium content had no overall effect on

recovery rate.

3. In general, additions of molybdenum retarded redovery at both
chromium and interstitial levels, This was because molybdenum-interstitial
'atmospheres' form at dislocations rather than chromium-interstitial
'atmospheres',because molybdenum has a higher affinity for carbon and nitrogen
than chromium. As the rate of recovery depends on the diffusion of the
solute 'atmosphere' with the disiocation, the rate of recovery was slower

in the molybdenum steel.

4. At the higher interstitial level, in the molybdenum steels, the
rate and amount of recovery decreased due to an increased supersaturation
effect of carbides and nitrides. In terms of a molybdenum-interstitial
interaction, because of the increased supersaturation ., the 'atmosphere!
formed more rapidly and therefore the rate of recovery decreased at the

higher interstitial level.



5. Additions of titanium increased the rate of recovery because
titanium lowered the solubility of carbon and nitrogen, thus reducing the
effectiveness of chromium-interstitial atmospheres at dislocations and

increasing the' rate of recovery.

6. Additions of niobium increased the rate of recovery at the lower
interstitial level and decreased the rate of recovery at the higher inter-
stitial level. This was because of different niobium-interstitial ratios

in the two steels.

7. In the majority of these steels, a distinct plateau was observed

at lower temperatures between recovery and'recrystallisation. The extent

of the plateau depended upon temperature, cold reduction and composition, and
was associated with the pinning of subgrain boundaries by precipitating
particles during recovery. The end of the plateau coincided with the
incubation period for recrystallisation, which was interpreted in terms of

the unpinning of subgrain boundaries leading to the formation of recrystallised
grains. Therefore factors which decreased the rate of particle growth,

i.e, additions of molybdenum and niobium, decreasing cold work or temperature,

increased the extent of the plateau.

8. In contrast to expectations, increasing the chromium content from

17% - 25% had little effect on the rate of recrystallisation.

9. At 17% Cr increasing the interstitial content decreased the rate
of recrystallisation due to the presence of a dispersion of undissolved
M23C6 which pinned subgrain boundaries and retarded nucleation of recrystal-
'lisation. A higher activation energy for recrystallisation was observed

at the higher interstitial level, because recrystallisation always took

place in the presence of a dispersion of second phase particles.



1o. Additions of molybdenum at both chromium levels in the lower
interstitial content steels retarded recrystallisation, This was because
of the slower diffusion rate of molybdenum which decreased the rate of
subgrain growth. Additions of molybdenum increased the activation energy

for recrystallisation.

11, At the higher interstitial level, in a 17% Cr steel, additions of
molybdenum increased the incubation period for nucleation because of the
slower diffusion rate of molybdenum. | However, because of a higher stored
energy in the molybdenum steel once recrystallisatioh started, the
molybdenum steel recrystallised faster. In the molybdenum steels, a
higher interstitial content favoured a faster recrystallisation rate at
higher temperaturesand a slower recrystallisation rate at lower temperatures,

and thus increased the activation energy for récrystallisation.

12, Additions of titanium had little effect on recrystallisation

kinetics.’
13. Niobium markedly retarded recrystallisation at the lower interstitial

level in the 17% Cr steels because of the slower diffusion rate of niobium.

14. At the higher interstitial level, additions of niobium increased
the incubation period for nucleation of recrystallised grains, but once
recrystallisation started, the niobium steel recrystallised faster than the
bése steel due to a higher stored energy. In the niobium steels, the
higher interstitial content steel.recrystallised faster than the lower
interstitial steel because of a lower degree of recovery before recrystal-

lisation.



Deformation Textures. -

15. At low.reductions, the €111% component deQeloped rapidly to give
a strong {111%¢112> texture after 35% reduction. This texture developed
from the 'splitting' of the {110%<001> texture in the hot band. With
increasing cold reduction, the {1113<112> was replaced first by the
{1113<110> texture, and then by the more stable {1123<110> and {100%

<01ll>» textures.

Recrystallisation Textures

16. Increasing the degree of cold reduction increased the {1113}
component and decreased the 411003 component. This was because within

the major texture components, the stored energy of the {1113<uvw> component
increased relative to other components, therefore its intensity increased
after recrystallisation.. Because of the low stored energy of the {100}

component, it was consumed by the €111¥ component.

The <€100% component, in some steels, increased at the expense of the
€111% component above 90% cold reduction. This was because of the increase
in the grain boundary area at high reductions which favoured nucleation of

the {100%¥ component.

17. In the 17% Cr low (C+N) steel, a strong <€1103<00l> texture was
found after 35% and 50% reduction, which was because of deformation band
nucleation. At the higher interstitial level in the base 17% Cr steels,
~a strong €1003<011> was favoured after 35% reduction because of grain

boundary nucleation,

18. Additions of titanium and niobium at the lower interstitial level
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tended to favour development of a {lli§<112> texture at all reductions
because nucleation of {11i§ oriented grainswas favoured ét particle/ferrite

. /
interfaces.

19. Additions of molybdenum also favoured the development of a {111}

<112> texture.

r Values and Formability

20. Good correlations were obtained between r values, LDR andthe ratio
of the I(111) : I(lOO) texture and between LDR and r value. Both deep
drawability and r value increased as the ratio of the I(111) / 1I(100)
texture increased, indicating the beneficial effect of a strong {}ll}
component.on deep drawability. The limiting drawing ratio was increased
by increasing the degree of cold reduction by additions of titanium and
niobium at the lower interstitial level and by additions of molybdenum

because of their beneficial effects on the I(11l) : I(l0OO) texture ratio.

21. A good correlation was obtainedvbetweenlk.r and the degree of
earing, and ears were formed in the directions of maximum r value. The
17% Cxr high (C+N) steel after 35% reduction showed 45° earing while the
maximum r value was at 45° to the rolling direction. This was due to a
strong {ioo}(011> texture in this steel. The other alloys showed
varying degrees of 0/90o earing and maximum r values at O and 90° to the

rolling direction.

22, The Erichsen value tended to increase with increasing cold

reduction.

23. Additions of titanium and niobium at the lower interstitial level
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in general improved the Erichsen value, because of their more uniform

particle distribution.

24. Decreasing the interstitial content did not improve the Erichsen

values in the base 17% Cr and 17% Cr molybdenum steels.
25, In the lower interstitial steels containing molybdenum and in the
25% Cr steels, low Erichsen values were obtained because of crack initiation:

at bands of carbides and non-metallic inclusions.

Mechanical Properties

26. Additions of molybdenum and chromium increased the yield stress
because of their effects on lattice dilation. Titanium however decreased

the yield stress because it removed interstitials from solid solution.

27. The work hardening rate was increased by refining the grain size

and by additions of molybdenum.

10.2 RELEVANCE TO INDUSTRIAL APPLICATIONS

It is a widely held opinion that good corrosion resistance, weldability and
adequate stretch formability can be obtained only by the use of low inter-
stitial contents. However, processes to produce low interstitial contents
in ferritic stainless steels are expensive, e.g. AOD or electron beam melting
and refining. In the present investigation it has been shown that the
formability was not improved by the use of low interstitial contents, i.e.
both deep drawability and stretch formability were as good in the air melted
17% Cr steel as in vacuum melted low interstitial grade. Therefore, where

adequate formability only is required, i.e. weldability and good corrosion



resistance are not of prime importance, there is no advantage in using
expensive low interstitial content steel as the commercial air melted

material performs adequately.

In applications where improved corrosion resistance and weldability is
required, additions of molybdenum (up to 2%) or niobium (1%) to an air
melted base 17% Cr steel may be an alternative and less expensive method

of producing improved corrosion resistance and weldability when compared
with the low interstitial content base steel. Certainly the results of
the present investigation indicate that only slight losses in stretch
formability are obtained by the additions of 1% molybdenum or 1% niobium to
a base 17% Cr high (C+N) steel (i.e. Erichsen values of 12.4 mm for the
base steel compared with 12.0 mm for Mo steel and 11.7 mm for the Nb steel)

after 75% cold reduction.

The results for the niobium steel were fairly good considering the fact that

numerous bands of chromite inclusions were present in this steel.

Additions of molybdenum improve - the weldability to some extent, but not so
well as niobium, as the perennial problem in welding ferritic stainless steels,
martensite (austenite), is still present. After the addition of 1% molybdenum
the martensite content was reduced from 30% to 20% in a high interstitial

17% Cr steel. The niobium steels examined did not contain martensite and
had stable Nb(CN) particles that reduce grain growth in the heat affected

zone during welding and hence should improve weldability.

10.3 RECOMMENDATIONS FOR FURTHER WORK

The major applications of these steels is in the production of consumable

goods which require adequate formability, e.g. sinks, motor car trim etc.
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Because these steels have a bcc ferritic structure, their stretch formability
is relatively poor compared with austenitic stainless steels. However, it
has been shown from the present work that deep drawability was considerably
affected by the r value and texture. Therefore, the recommendations for
further work are based on treatments which increased the (111):(100) texture

ratio and increased the r value and LDR.

iy © It is recommended that the specimens be annealed in the range

600°C - 700°C to utilise the possible beneficial effect of precipitation

prior to recrystallisation on the formation of recrystallisation textures.
During this reaction, in terms of the orientation dependence of nucleation,

if nucleation of all components is retarded in equal proportions, then the
time available for growth of the first formed grains is increased. Therefore,
the recrystallisation texture will show increased selectivity towards the

most favourably oriented nuclei, i.e. the {lll} texture should increase

relative to a precipitate free structure.

2. It is recommended to solution treat the low interstitial content
17% Cr and 25% Cr steels to increase the volume fraction of second phase

particles precipitated prior to recrystallisation. The increased volume
fraction of precipitates should lead to further strengthening of the {111}
texture components at the expense of the {JLK{} components (Fig 139)(84).

Examine the effects of the extra precipitation on the recovery and recrystal-

lisation kinetics.

i It is recommended to examine the effect of grain size in the hot
band condition on the intensity of the CMX% component in the recrystallised
condition after different degrees of cold work. The present investigation
indicated that fine hot band grain sizes tended to increase the intensity

of the {100} component and decrease the intensity of the {111} component.



Therefore, by selecting heat treatments to give a range of hot band grain
sizes, an inter-relationship between initial grain size and the (100}-
component may be established. Coarse grain sizes sh&uld increase the
intensity of the {111} component compared with the {100} component after
recrystallisation and should therefore be beneficial in producing steel

with good deep drawability.

4. It is recommended to investigate the effect of a double cold
rolling reduction with an interstage anneal, to investigate the effect of
the initial texture on the final texture after different degrees of cold
reduction in both the cold work and recrystallised condition. The present
investigation indicated that the starting texture influenced the development
of the deformation texture. Steels with {111} and {110} components in

the hot band produced a stronger {111} component in the deformation texture,
and therefore must increase the {111} component after recrystallisation.
Therefore cold rolling and annealing cycles to produce different prior

texturesis of interest in producing steels with good deep drawability.

5. It is recommended to investigate the effect of grain growth
following recrystallisation on texture development. Grain growth in mild
steels and other steels tend to favour development of a strong {}ll}

texture due to selective grain growth of this component.

6. It is recommended to examine the effects of treatments 1 - 5 on

r values, tensile properties and formability.
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TABULE

ANALYSES OF STEELS USED

ANALYSIS

ALLOY No C e Mn Cr N OTHERS
la 0.024 0.43 0.81 16.9 0.008
1b 0.025 0.45 0.76 16.76 0.008
lc 0.019 0.41 0.80 16.66 0.008
2 0.063 0.41 0.93 17.32 0.037
3 0.061 0.35 0.89 17.1 0.032 0.1 Mo
4a 0.023 0.43 0.83 16.7 0.010 0.86% Mo
4b 0.023 0.43 0.83 16.78 0.0135 0.98% Mo
5a 0.022 0.40 0.82 16.82 0.018 0.14% Ti
5b 0.026 0.43 0.82 16.72 0.0084 0.16% Ti
6 0.063 0.42 0.71 17.1 0.047 0.91% Nb
7a 0.024 0.41 0.85 16.89 0.014 0.45% Nb
7b 0.019 0.45 0.86 16.94 0.015 0.043%Nb
8a 0.031 0.42 0.91 24.75 0.0135
8b 0.023 0.46 0.85 24.45 0.0130
8c
9a 0.022 0.40 0.84 24.6 0.0135 0.96% Mo
9b 0.029 0.40 0.85 24.2 0.018 0.96% Mo



HARDNESS OF STEELS PRIOR TO COLD ROLLING

Hot Rolled and
Alloy No Hot Rolled Hot Rolled ando Annealed at 1000°C

Annealed at 1000°C and Softened at 7500C

la 170 160 140
1b 173 161 140
1c 167 150 137
2 265 230 180
3 255 190 169
4a 175 164 152
4b 183 172 153
5a 175 142 135
5b - 170 ‘ 145 ‘ 134
6 186 150 144
7a 188 148 139
7b 196 146 140
8a 196 183 162
8b 186 175 165
9%a 208 197 176

9 208 ' 194 174



MICROHARDNESS 'VALUES 50 GMS

Alloy No Area Measured Micro HD Value 50 gms
1 ‘Recrystallised areas 140
As rolled Recovered areas 181

Condition

2 As Hot Rolled Ferrite 197
Martensite 342
Annealed lOOOOC Ferrite 156
Martensite 400
3 As Hot Rolled Ferrite 209
Martensite 456
Annealed 1000°C Ferrité 172
Martensite 365




TABLE IV

MEASURED VOLUME FRACTION OF AUSTENITE (MARTENSITE) AFTER ANNEALING

AT 1000°C
Percentage Austenite (Martensite)
Alloy No After Annealing at 1000°C
1l 17% Cr Low (C+N) 4%
2 17% Cr High (C+N) 32%
3 17% Cr High (C+N) 1% Mo 20%

4 17% Cr Low (C+N) 1% Mo 13



. TABLE. .

V .

" 'ACTIVATION ENERGIES:

ALLOY DEGREE OF COLD WORK ACTIVATION ENERGY QO
............... K. JOULES/MOLE
17% Cr Low (C+N) 35% 321
50% 297
75% 268
17% Cr High (C+N) 75% 390
17% Cr High (C4N) 1% Mo 75% 462
17% Cr Low (C+N) 1% Mo 35% 389
75% 355
17% Cr Low (C+N) + Ti 75% 238
17% Cr High (C+N) + Nb 75% 452
17% Cr Low (C+N) + Nb 75% 418
25% Cr Low (C+N) 35% 351
75% 298
25% Cr Low (C+N) 1% Mo 35% 389
75% 334



. TABLE VI

TYPICAL MICROHARDNESS VALUES FOR MATRIX GRAINS WITH AND WITHOUT BANDS
IN A 17% Cr Low (C+N) STEEL

Microhardness 50 Grammes Load

Matrix Grains with Bands . 360

Matrix Grains without Bands 240



" 'ANNEALING TREATMENTS

ALLOY NO ~ COMPOSITION DEGREE OF COLD WORK TREATMENT
1 - 17% Cr Low (C+N) 35%
20 Minutes
50%
at 800°C
75%
2 17% Cr High (C+N) 35%
25 Minutes
50%
at 800°C
75%
3 17% Cr High (C+N) 1%Mo 35%
40 Minutes
50%
v at 850°C
75%
4 17% Cr Low (C+N)1lsMo 35%
40 Minutes
50%
at 850°C
75%
5 17% Cr Low (C+N)+Ti 35%
20 Minutes
50%
at 800°C




ALLOY NO . .| . .. COMPOSITION . . .DEGREE QF COLD WORK . TREATMENT
6 17% Cr Low (C+N)-+Nb 35%
15 Minutes
50%
at 990°C
75%
7 17% Cr High (C+N) +Nb 35%
10 Minutes
50%
at 990°C
75%
8 25% Cr Low (C+N) 35%
20 Minutes
50%
at 800°c
75%
9 25% Cr Low (C+N)1%Mo 35%
15 Minutes
50%
at 850°C

75%
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